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fractures  occurred  at  the  interface,  weaving  through  the  oxide.  When  the  inter¬ 
face  was  switched  into  an  electrically  conductive  state  peel  test  fractures 
occurred  within  the  single  crystal  graphite  substrate.  The  interface  strength 
was  directly  correlatable  with  its  conductivity  state  in  the  A1-y-A1203-(0001 ) 
graphite  model  system.  The  commercial  material  measurements  were  indecisive., 

TEM  of  the  commercial  materials  and  the  model  laminates  showed  the  presence  \ 
of  y~A1203,  MgAl203  and  T i 62  in  the  as- prepared  samples.  No  aluminum  carbide  was 
found.  The  presence  of  the  oxide  seemed  to  be  required  to  get  some  transverse 
strength.  When  samples  were  aged  within  the  solid  state  region,  A1 4C3  and  AI4C4O 
were  found.  Their  growth  was  strongly  dependent  on  the  heat  treat  environment, 
the  temperature,  and  the  crystallography  of  the  graphite  relative  to  the  interface, 
Basal  plane  orientation  of  the  graphite  prevented  any  carbide  formation  unless  an 
external  hydrocarbon  containing  environment  was  present  during  the  heat  treatment. 
When  carbides  were  formed  the  transverse  strength  increased  but  the  longitudinal 
strength  was  dramatically  reduced. 

AES  was  used  to  characterize  the  fracture  surface  chemistry.  Inert  ion  sput¬ 
tering  profiles  confirmed  the  presence  of  the  oxide  adjacent  to  the  graphite, 
the  TiB2  displaced  toward  the  matrix.  AES  after  heat  treatment  of  the  commercial 
composites  showed  the  carbon  diffused  through  the  oxide  to  form  the  carbide.  This 
was  not  consistently  observed  in  the  model  systems. 

A  series  of  AES  related  experiments  were  performed  relative  to  oxide  formation, 
diffusion  in  an  oxide,  preferential  sputtering  and  artifacts  on  carbide  peak 
analysis  due  to  electron  and  ion  beam  damage. 

X-ray  measurements  of  the  residual  stress  of  the  commercial  composites  shows 
tensile  stresses  some  of  which  were  greater  than  the  yield  strength  of  the  aluminum 
natrix.  Liquid  nitrogen  quenching  greatly  reduced  the  stresses  with  minimal 
nfluence  on  the  transverse  fracture  strength.  The  results  support  the  conclusion 
;hat  the  residual  stresses  do  not  control  the  transverse  strength. 

The  fracture  study  of  discontinuous  fiber  Si  C/aluminum  composites  showed 
ndications  of  a  strong  interface.  AES  measurements  show  the  fracture  path  was 
remote  from  the  interface.  TEM  showed  the  presence  of  8-Al4SiC4  at  some  inter¬ 
faces,  but  a  lack  of  phases  at  other  interfaces.  H  * 
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I.  Introduction 

The  research  results  in  this  final  report  represent  the  overall 

results  associated  with  the  study  aimed  at  determining  the  nature  of 

the  interface  between  the  aluminum  matrix  and  the  graphite  fibers  in 

the  aluminum  graphite  metal  matrix  composites  (MMC).  A  limited  effort 

on  the  aluminum/silicon  carbide  discontinuous  fiber  composites  is  also 

reported.  This  report  extends  and  consolidates  the  efforts  previously 
(1-3) 

reported.  '  The  major  emphasis  will  be  on  summarizing  the  results 
during  the  contract  period  with  some  emphasis  on  the  results  from  the 
past  year.  The  results  reported  here  are  from  experiments  and  analyses 
performed  by  SweDen  Tsai,  Duane  Finello,  James  Lo,  Li-Jiuan  Fu, 

Horacio  Mendez  and  Dr.  Michael  Schmerling.  The  A1 /Graphite  MMC  wire 
and  plate  materials  used  in  the  studies  came  from  the  Aerospace  Corpora¬ 
tion  and  the  aluminum/silicon  carbide  discontinuous  fiber  composites 
from  the  Si lag  Division  of  Exxon  (Arco).  The  model  laminate  systems 
were  produced  in  our  laboratories. 

II.  Experimental  Approaches  and  Results 

During  the  course  of  this  research  the  main  emphasis  in  the 
interface  studies  of  the  aluminum  graphite  metal  matrix  composites  has 
been  focused  on  five  areas.  These  are:  1)  Studying  the  interface  by 
determining  the  characteristic  I/V  curves  measured  across  the  inter¬ 
face  and  relating  this  to  the  fracture  path;  2)  Scanning  Auger 
Microscopy  (SAM)  of  the  fracture  path  to  determine  the  chemistry  of 
the  fracture  path;  3)  Transmission  electron  microscopy  (TEM)  of  the 
phases  present  at  the  interface  of  model  and  commercial  composites; 
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4)  Kinetics  of  Al^  formation  as  a  function  of  graphite  form  and 
interface  phases;  and  5)  X-ray  determination  of  residual  stresses 
in  the  composite.  Limited  SAM  and  TEM  studies  were  done  on  the 
aluminum/silicon  carbide  discontinuous  fiber  composites.  The 
results  will  be  summarized  in  the  following  sections.  The  details 
of  the  results  are  presented  in  the  appropriate  appendices,  most 
of  which  are  preprints  or  reprints  of  results  published  during  the 
course  of  this  contract. 

A.  Current  Voltage  (I/V)  and  AES  Characterization  of  the  Interface 

The  initial  interface  studies  on  the  aluminum-graphite  com- 

(41 

posites  had  shown  that  an  oxide  existed  at  the  interface'  '  that 
seemed  to  influence  the  transverse  strength  of  the  composite.  A 
more  detailed  discussion  on  the  oxide  will  be  made  in  the  sections 
on  SAM  and  TEM  of  the  composites.  To  simulate  the  interface,  a 
model  system  was  constructed  in  which  aluminum  oxide  and  aluminum 
metal  layers  were  successively  deposited  on  a  planar  graphite  single 
crystal . 

In  order  to  determine  the  fracture  behavior  of  the  interface 
regions  of  the  model  system, peel  tests  were  conducted.  These  tests 
were  made  on  samples  with  different  oxide  thicknesses.  The  results 
of  the  peel  test  indicate  that  the  oxide  sandwiched  between  the 
aluminum  and  graphite  has  an  important  influence  on  the  interface 
bonding  strength.  That  is,  when  the  oxide  is  thin,  5-10  nm,  the 
interface  is  more  cohesive  than  it  is  for  the  thicker  oxide,  15-20  nm. 

Electrical  characteristics  of  the  interface  were  also  investigated 
by  measuring  the  voltage-current,  I/V,  response  across  the  interface 
as  shown  in  detail  in  Appendix  A. 


It  was  observed  that  the  interface  exhibits  a  switching  behavior 
with  a  thick  oxide,  about  20.0  nm.  The  sample  switched  from  a  low 
conductive  state  to  a  high  conductive  state  at  a  threshold  voltage 
of  about  2.0  v.  The  samples  with  thin  oxide  showed  little  or  no 
switching,  but  were  in  the  high  conductive  state. 

In  an  effort  to  understand  the  relation  between  switching  and 
the  cohesiveness  of  the  interface,  peel  tests  were  conducted  on  the 
thicker  oxide  samples  in  the  low  and  high  conductive  states  as  well 
as  in  the  low  state  after  relaxing  back  from  the  high  conductive 
state.  This  test  revealed  that  the  fracture  path  changed  from 
within  the  oxide  interface  between  the  graphite  and  the  aluminum 
metal  to  within  the  graphite  crystal  by  switching  from  a  low  conduc¬ 
tive  state  to  a  high  conductive  state  and  back  to  the  interface  on 
relaxing  back  to  the  low  conductive  state.  The  results  clearly 
demonstrate  that  the  conductivity  of  the  interface  is  involved  in 
the  mechanical  strength  of  the  interface.  The  details  of  the  experi¬ 
ments  are  given  in  Appendix  A. 

In  an  attempt  to  see  if  the  I/V  characterization  could  be 
extended  to  the  actual  composite,  the  current  versus  voltage  char¬ 
acteristics  were  studied  in  two  composite  systems:  VSB-32/6061  and 
VSB-32/oxide/6061  Gr/Al  composite  wire.  The  results  of  these  experi¬ 
ments  suggest  that  a  fixed  high  conductive  state  is  present  since 
no  obvious  switching  was  observed.  However,  as  pointed  out  in 
Appendix  B,  improvements  of  the  experimental  techniques  are  neces¬ 
sary  to  eliminate  short-circuit  current  paths  which  may  cause  the 
high  conductance  state.  Such  improvements  may  show  that  the 
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commercial  Al/Gr  composites  can  be  switched  from  low  to  high  con¬ 
ducting  state.  The  characteristics  of  the  switching  could  possibly 
then  be  used  to  evaluate  the  strength  of  the  interface. 

B.  AES  Studies  of  the  Aluminum-Graphite  Interface 

To  study  the  influence  of  the  oxide  layer  on  the  fracture  pro¬ 
cess  of  the  Gr/Al  composites,  detailed  AES  analysis  of  the  fracture 
interfaces  was  performed.  Along  the  interfacial  fracture  surface, 
fiber  sites  can  be  readily  distinguished  from  matrix  sites  where  the 
fiber  has  been  pulled  away.  A  representative  Auger  spectrum  taken 
from  a  typical  fiber  site  of  a  PAN  precursor  Gr/Al  composite  frac¬ 
tured  in  situ  is  shown  in  Fig.  1. 

Recently,  the  lower  cost  high  modulus  pitch  precursor  Gr/Al 
composites  have  almost  completely  replaced  the  PAN  type  Gr/Al  in 
commercial  applications.  To  test  the  general  validity  of  the 
relationship  between  transverse  strength  and  fiber-to-oxide  adher- 
ency,  AES  in  situ  fracture  analysis  of  VSB-32/6061  and  VSB-32/oxide/ 
6061  pitch  type  Gr/Al  composites  was  performed.  Analogous  results 
were  obtained  (see  Figs.  2  and  3)  and  correlated  with  the  mechanical 
tests.  The  material  of  lower  transverse  strength  (VSB-32/6061) 
exhibited  considerably  less  fiber-to-oxide  adherency  than  did  the 
material  of  higher  transverse  strength  (VSB-32/oxide/6061 )  due  to 
different  processing  steps  taken  during  manufacture.  The  VSB-32/ 
oxide/6061  material  was  distinguished  by  more  extensive  oxide  film 
coverage  prevalent  over  most  of  the  newly  created  fiber  surface  area 
resulting  from  transverse  fracture. 


Fig.  2.  High  spatial  resolution  Auger  spectra  for 
fiber  surfaces  of  (a)  VSB- 32/6061  and  (b)  VSB-32/oxide/ 
6061  pitch  type  Gr/Al  composites  fractured  in  situ. 


CL  t  Q. 


Fig.  3.  High  spatial  resolution  Auger  spectra 

for  matrix  surfaces  of  (a)  VSB-32/6061  and  (b)  VSB- 32/ 

oxide/6061  pitch  type  Gr/Al  composites  fractured  in  situ. 
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The  interfacial  oxide  thickness  within  Gr/Al  composite  mate¬ 
rial  plays  a  role  in  the  fracture  process.  Although  it  is  somewhat 
questionable  where  the  oxide  ends  and  the  displaced  TiE^  wetting 
layer  begins,  it  is  possible  to  compare  scaled  high  spatial  resolu¬ 
tion  AES  sputtering  profiles  (see  Figs.  4  and  5).  The  VSB-32/oxide/ 
6061  material  has  the  greater  interfacial  oxide  thickness.  The 
VSB-32/6061  material  has  approximately  a  five  nanometer  interfacial 
oxide  thickness,  while  that  of  the  VSB-32/oxi de/6061  material  is 
approximately  three  times  as  thick.  It  should  be  understood  that 
these  are  mixed  oxides  which  are  characteristically  of  greater  con¬ 
ductivity  than  the  pure  Present  in  tbe  basic  substrate/ 

adsorbate  thin  layer  composites  to  be  discussed  later. 

Additional  AES  results  associated  with  the  TEM  studies,  the 
aluminum  carbide  formation  and  the  model  systems  are  described  in 
detail  in  the  appropriate  appendices. 

C.  TEM  of  the  Aluminum-Graphite  Interface 

To  determine  the  phases  present  at  the  interface,  TEM  was  per¬ 
formed  on  the  composites.  This  included  both  the  commercial  and 
the  model  systems.  Both  electrochemical  thinning  and  ion  thinning 
techniques  were  used  to  prepare  samples.  The  electrochemical 
thinning  techniques  are  described  in  detail  in  Appendices  C  and  D. 
The  ion  thinning  technique  was  used  toward  the  end  of  the  research 
with  limited  experimental  results.  The  Al-graphite  composite  was 
cut  carefully  in  the  longitudinal  direction  by  a  diamond  wheel 
blade  and  the  ion-beam  thinning  technique  was  used.  In  each  ion 


Fig.  4.  High  spatial  resolution  AES  sputtering  profile 
into  matrix  surface  of  VSB-32/6061  composite  fractured  in 
situ,  showing  details  of  the  complex  interface  chemistry. 


THICKNESS  SPUTTERED  (nm) 


Fig.  5.  High  spatial  resolution  AES  sputtering  profile  into 
matrix  surface  of  VSB-32/oxi de/6061  composite  fractured  in  situ, 
which  can  be  compared  to  Fig.  4. 


sputtering  the  sample  was  tilted  20°  with  respect  to  the  ion  beam. 
It  was  found  that  by  using  4  kv  or  lower  accelerating  ion  beam 
voltage,  the  graphite  fiber  would  be  thinned  faster  than  the  Al- 
metal-matrix.  With  the  voltage  4.5  kv  or  higher,  the  Al-metal- 
matrix  would  thin  faster  than  the  graphite  fiber.  To  get  fairly 
uniform  thinning,  the  4.5  kv  accelerating  ion  beam  voltage  was 
used  first  and  then  the  voltage  was  lowered  to  4  kv  until  the  sam¬ 
ple  was  thinned  down.  This  approach  resulted  in  uniform  thinning 
of  the  graphite  and  aluminum.  Some  results  from  this  type  of  thin¬ 
ning  procedure  are  discussed  in  the  Al/discontinuous  Si C  composites 
section. 

The  chemical  thinning  techniques  led  to  identification  of  the 
many  phases  at  the  interface.  The  presence  of  an  oxide  was  con¬ 
firmed  and  identified  as  the  spinel  structure  of  MgAl204  and 
y-Al^O-j.  It  had  been  reported  that  a-A^Og  was  the  oxide  phase  at 
the  interface^4, .  This  present  study  clearly  demonstrated  that 
y-A^O^  was  the  phase  formed.  This  was  found  for  both  the  commer¬ 
cial  and  the  model  systems.  Similar  results  were  observed  in  the 
Mg/Graphite  metal  matrix  composites.  In  that  case  the  MgA^O^  was 
identified.  The  interface  chemistries  were  determined  with  AES. 

In  general  a  wide  range  of  phases  were  found  at  the  interface 
depending  on  the  source  of  the  composite  and  the  subsequent  thermal 
treatments.  In  addition  to  y-Al^O^  and  MgAlgO^,  Ti *  A^C^  and 
Al^O^C  were  also  identified  The  details  of  the  TEM  results  are 
given  in  Appendices  C  and  D. 
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L).  Aluminum  Carbide  Formation  in  Aluminum-Graphite  Composites 

The  formation  of  a  thick  layer  of  Al^C^  is  known  to  increase 
the  transverse  strength  of  the  composite.  Unfortunately  the  longi¬ 
tudinal  strength  is  greatly  reduced.  To  determine  the  kinetics  of 
the  Al^C^  formation  a  series  of  experiments  were  performed  on  both 
the  composites  and  model  systems.  Details  of  these  results  are 
given  in  Appendices  E  and  F.  The  most  important  aspects  of  the 
study  were  related  to  the  surface  condition  of  the  graphite,  the 
environment  in  which  the  heat  treatment  was  performed  and  the 
crystallographic  orientation  of  the  graphite.  When  an  oxide  layer 
exists  at  the  interface  of  the  commercial  composites  between  the 
aluminum  matrix  and  the  graphite  experimental  results  indicate  the 
carbon  diffuses  through  the  oxide  and  forms  the  Al^C-j  adjacent  to 
the  alloy.  This  was  not  observed  in  the  glassy  carbon  model  system. 

The  three  model  systems  used  had  graphite  single  crystals  with 
the  (0001)  parallel  to  the  surface,  polycrystalline  graphite  and 
glassy  carbon  substrates.  When  heat  treatments  were  performed  in 
an  inert  environment  no  detectable  carbide  was  formed  on  the  single 
crystal.  For  the  polycrystalline  case  the  Al^C^  was  formed  prefer¬ 
entially  on  selected  grain  orientations.  For  the  glassy  carbon  a 
much  more  isotropic  formation  of  the  carbide  was  observed. 

The  other  critical  observation  was  that  in  the  presence  of  a 
mechanical  pump  vacuum  where  a  large  amount  of  hydrocarbons  were 
present  carbide  formation  was  promoted.  Hydrogen  is  suspected  to 
be  the  element  that  promotes  the  nucleation  of  the  carbide.  In  a 
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higher  oxygen  bearing  environment  a  thick  interface  oxide  is 
developed.  Further  discussion  is  given  in  Appendices  E  and  F. 

E.  Residual  Stresses  in  Al/Gr  Composites 

During  the  development  and  subsequent  carrying  out  of  the 
research  on  transverse  strength  of  the  Al/Gr  composites  the  main 
cause  of  the  weakness  was  expected  to  be  the  interface  strength. 

A  secondary  possibility  was  that  the  residual  stresses  arising 
from  the  large  mismatch  in  thermal  expansion  coefficients  between 
the  graphite  fibers  and  the  aluminum  matrix  would  add  to  the  applied 
stress  and  cause  failure.  To  determine  if  the  presence  of  residual 
stress  could  explain  the  extremely  low  transverse  strength  when 
compared  to  the  rule  of  mixtures  the  residual  stress  was  measured 
using  x-ray  techniques.  The  original  effort  was  in  a  joint  effort 
with  J.B.  Cohen  at  Northwestern  and  the  subsequent  experiments  were 
performed  in  our  laboratory.  The  experimental  techniques  and 
results  are  presented  in  Appendix  G.  The  results  show  high  average 
tensile  residual  stresses  in  the  aluminum  matrix  for  both  the  Rayon 
and  PAN  II  fibers  and  intermediate  stresses  for  the  pitch  base 
fibers.  The  lower  residual  stresses  in  the  pitch  base  composites 
were  difficult  to  rationalize  with  their  higher  degree  of  texture 
and  modulus. 

In  order  to  determine  if  the  transverse  strength  was  a  function 
of  the  residual  stress,  room  temperature  tensile  tests  were  made 
on  samples,  some  before  a  liquid  nitrogen  quench  and  some  subsequent 
to  a  liquid  nitrogen  test.  The  liquid  nitrogen  quench  and 
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subsequent  reheating  to  room  temperature  resulted  in  about  a  30-40% 
reduction  in  the  residual  stress  pattern.  This  large  change  in 
residual  stress  was  not  reflected  in  the  room  temperature  tensile 
tests  where  a  very  small  increase  was  noted. 

Based  on  the  above  results  the  conclusion  is  that  although 
residual  stresses  even  higher  than  the  yield  strength  of  the  mate¬ 
rial  exist,  they  do  not  play  a  major  role  in  the  transverse  strength. 

F.  Studies  of  Discontinuous  Fiber  Silicon- Carbide/Aluminum  Composites 

Although  six  silicon  carbide/Al  composites  were  made  available 
only  the  A6013Z  composite  was  studied  in  any  detail.  The  A6013Z 
composite  was  SXA  2024  +  22.45  w/o  F-9  Grade  Silicon  Carbide  in  a 
flat  as-extruded  plate  1/2"  x  5"  x  1  7/8".  The  Si-Carbide/ A1  com¬ 
posite  materials  were  tensile  tested  using  standard  Instron  tensile 
testing  equipment.  Rectangular  specimens  with  a  0.5  inch  gauge 
length  were  carefully  machined  from  composite  plate.  Four  tabs  were 
carefully  glued  onto  each  specimen  using  a  high  shear  strength  epoxy. 
Mi  Tier- Stephenson  type  907  adhesive.  A  crosshead  speed  of  1  mm/min 
and  10  kN  full  scale  were  used  for  testing  the  Si- Carbide/Al  com¬ 
posites.  The  tensile  strength  of  the  A6013Z  composite  was  66  ksi. 

The  other  six  materials  ranged  in  strength  from  43  to  65  ksi.  All 
the  materials  showed  very  limited  ductility.  The  fracture  surface 
consisted  of  small  ductile  dimples.  Virtually  no  interfaces  were 
observed  under  high  resolution  SEM. 

The  fibers  were  less  than  1  pm  in  diameter  making  it  almost 
impossible  to  examine  any  individual  fibers  on  the  fracture  surface 
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with  our  AES  with  a  resolution  of  the  same  order  of  magnitude. 

AES  data  averaged  over  the  fracture  surface  showed  virtually  no 
presence  of  silicon  carbide.  This  is  shown  in  Fig.  6.  After 
extensive  inert  ion  sputtering,  approximately  0.5  pm,  the  silicon 
carbide  was  observed  as  shown  for  one  area  in  Fig.  7.  The  dis¬ 
tribution  was  non-uniform  across  the  sputtered  section,  but  the 
silicon  carbide  was  present  in  all  the  sputtered  areas.  The 
need  to  sputter  to  a  great  depth  to  get  a  substantial  silicon  car¬ 
bide  spectrum  gives  strong  support  for  high  interface  strength. 

The  TEM  of  the  silicon  carbide/aluminum  interface  defined 
the  following.  Jet  polishing  experiments  resulted  in  identification 
of  B-Al^SiC^  at  the  interface  as  shown  in  Fig.  8  with  the  diffrac¬ 
tion  pattern  in  Fig.  9.  More  extensive  studies  on  ion  thinned 
samples  (4.5  kV  -  20°  incident  angle  for  uniform  sputtering) 
showed  clean  interfaces  the  more  common  condition.  It  must  be 
clear  that  a  very  thin  interface  layer,  similar  to  that  observed 
in  the  A1 /graphite  would  be  difficult  to  identify  under  the  ion 
etching  conditions  used  in  these  experiments. 

G.  Related  Auger  Electron  Spectroscopy  Investigations 

During  the  course  of  this  research  several  AES  studies  were 
made  on  related  systems  to  help  in  interpreting  the  main  results 
in  this  report.  Appendix  H  describes  results  obtained  during 
studies  of  oxidation  of  a  titanium/molybdenum  alloy  aimed  at 
developing  a  standard  for  calibration  of  inert  ion  sputtering  rate. 


fractured  surface 


UT  MS 


Low  spacial  resolution  AES  of  fracture 
of  A6013Z  SiC/Al  MMC  after  inert  ion  s 
approximately  0.5  um. 


The  results  were  correlated  with  vol tammograms  of  pure  Ti  and  Mo 
leading  to  an  evaluation  of  the  oxidation  states  in  the  oxide. 

In  Appendix  I  the  problem  of  determining  the  interface  thick¬ 
ness  of  two  elements  segregated  to  an  interface  was  probed.  The 
two  elements,  in  this  case  S  and  Ni,  were  both  at  grain  boundaries. 
Sputter  profiles  as  normally  measured  indicate  that  S  is  near  the 
fracture  surface  and  Ni  is  more  diffusely  segregated.  The  results 
of  the  study  clearly  support  the  concept  of  preferential  sputtering 
of  the  S  due  to  its  weaker  bonding  and  that  the  true  spacial  dis¬ 
tribution  is  similar  in  both  cases. 

In  Appendix  J  a  joint  study  with  Chiang  et  al^.  on  the  grain 
boundary  segregation  within  an  oxide  is  described.  The  research 
tries  to  separate  out  and  describe  the  relative  importance  of  size 
effects  and  space  charge  theory  on  the  grain  boundary  chemistry  in 
oxides.  In  all  oxides  the  valence  of  a  migrating  species  must  be 
accounted  for  before  sputter  profiles  could  be  explained. 

In  Appendix  K  the  general  problems  associated  with  applying 
AES  to  fracture  are  discussed.  In  addition,  of  particular  importance 
to  the  present  research, is  a  discussion  of  the  interaction  between 
the  electron  and  ion  beams  and  a  carbon  containing  surface.  The 
damage  to  the  bonding  of  the  carbon  is  explored  and  the  dangers  of 
attempting  to  interpret  the  AES  fine  structure  are  described.  In 
addition  other  approaches  to  probe  the  surface  are  discussed.  The 
details  of  these  associated  AES  studies  are  in  the  above  referenced 
Appendi ces. 
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III.  Summary 

The  results  of  the  research  on  aluminum/graphite  interfaces 
described  in  this  final  report  can  be  summarized  in  terms  of  the 
experimental  approaches  used  to  probe  the  metal  matrix  interfaces. 

The  materials  studied  included  the  commercial  Al/graphite  composites; 
layered  model  systems  on  single  crystal  and  polycrystalline  graphite 
substrates  as  well  as  glassy  carbon  substrates;  and  discontinuous 
fiber  SiC/Al  composites.  The  I/V  characterization  of  the  interface 
demonstrated  that  the  oxide  within  the  interface  plays  a  major  role 
in  the  interface  strength.  If  the  interface  was  in  a  low  conduc¬ 
tivity  state,  peel  test  fractures  occurred  at  the  interface,  weaving 
through  the  oxide.  When  the  interface  was  switched  into  an  elec¬ 
trically  conductive  state  peel  test  fractures  occurred  within  the 
single  crystal  graphite  substrate.  The  interface  strength  was 
directly  correctable  with  its  conductivity  state  in  the  Al/y-Al^O^/ 
(0001)  graphite  model  system.  The  commercial  material  measurements 
were  indecisive. 

TEM  of  the  commercial  materials  and  the  model  laminates  showed 
the  presence  of  y-Al^O^,  MgA^O^  and  TiE^  in  the  as-prepared  samples. 
No  aluminum  carbide  was  found.  The  presence  of  the  oxide  seemed  to 
be  required  to  get  some  transverse  strength.  When  samples  were 
aged  within  the  solid  state  region,  Al^C^  and  Al^C^O  were  found. 

Their  growth  was  strongly  dependent  on  the  heat  treat  environment, 
the  temperature,  and  the  crystallography  of  the  graphite  relative 
to  the  interface.  Basal  plane  orientation  of  the  graphite  prevented 
any  carbide  formation  unless  an  external  hydrocarbon  containing 


20 


environment  was  present  during  the  heat  treatment.  When  carbides 
were  formed  the  transverse  strength  increased  but  the  longitudinal 
strength  was  dramatically  reduced. 

AES  was  used  to  characterize  the  fracture  surface  chemistry. 
Inert  ion  sputtering  profiles  confirmed  the  presence  of  the  oxide 
adjacent  to  the  graphite,  the  TiBg  displaced  toward  the  matrix. 

AES  after  heat  treatment  of  the  commercial  composites  showed  the 
carbon  diffused  through  the  oxide  to  form  the  carbide.  This  was 
not  consistently  observed  in  the  model  systems. 

A  series  of  AES  related  experiments  were  performed  relative 
to  oxide  formation,  diffusion  in  an  oxide,  preferential  sputtering 
and  artifacts  on  carbide  peak  analysis  due  to  electron  and  ion 
beam  damage. 

X-ray  measurements  of  the  residual  stress  of  the  commercial 
composites  shows  tensile  stresses  some  of  which  were  greater  than 
the  yield  strength  of  the  aluminum  matrix.  Liquid  nitrogen 
quenching  greatly  reduced  the  stresses  with  minimal  influence  on 
the  transverse  fracture  strength.  The  results  support  the  con¬ 
clusion  that  the  residual  stresses  do  not  control  the  transverse 
strength. 

The  fracture  study  of  discontinuous  fiber  Si  C/aluminum 
composites  showed  indications  of  a  strong  interface.  AES  measure¬ 
ments  show  the  fracture  path  was  remote  from  the  interface.  TEM 
showed  the  presence  of  B-Al^SiC^  at  some  interfaces,  but  a  lack  of 
phases  at  other  interfaces. 


Additional  details  of  the  research  discussed  in  this  report 
can  be  found  in  the  PhD  dissertations  of  Swe-Den  Tsai^  and 
Duane  Finello^  and  the  Master's  theses  of  James  Lo^,  Li-Jiuan 
Fu^  and  Horacio  Mendez^). 
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Introduction 

It  has  been  observed  (1)  that  the  thickness  of  the  oxide  layer  at  the  interface  between 
aluminum  and  graphite  has  an  important  influence  on  the  interface  bonding  strength.  When  the 
oxide  films  are  thin,  the  interface  is  more  cohesive  and  strongly  bonded  to  the  graphite. 

This  produces  a  fracture  path  through  the  graphite  single  crystal  substrate.  As  the  oxide 
thickness  is  increased  the  interface  bonding  strength  is  modified  and  the  fracture  path  is 
through  the  interface.  Similar  behavior  has  been  observed  in  commercial  graphi te-al umi num 
compos i te  material  (2). 

The  purpose  of  this  paper  is  to  report  the  interaction  of  the  threshold  switching  char¬ 
acteristics  of  the  aluminum/Al-oxide/graphite  system  with  the  mechanical  strength  of  the 
oxide-graphite  interface.  With  the  aid  of  Auger  electron  spectroscopy  (AES)  it  was  determinec 
that  the  fracture  path  through  the  oxide  sandwiched  aluminum-graphite  interface  can  be  alterec 
from  fracture  within  the  interface  to  fracture  in  the  substrate  by  applying  a  voltage  above 
the  threshold  voltage. 

Threshold  switching  has  been  observed  in  many  different  semiconductor  systems.  It  is 
described  as  an  abrupt  change  in  resistivity  of  the  specimen  when  subjected  to  sufficiently 
high  electric  fields  (3,4).  When  the  applied  voltage  across  the  junction  is  increased  above 
a  certain  threshold  voltage,  the  resistivity  abruptly  decreases  and  will  remain  in  the  low 
resistivity  state  for  some  time. 

One  of  the  characteristics  of  threshold  switching  is  that  the  material  may  have  a  memory 
behavior  such  that  once  the  device  has  oeen  set  into  the  low  resistivity  state,  it  may  become 
stable  and  remain  stable  for  a  relatively  long  time  after  the  voltage  has  been  removed.  The 
amount  of  time  that  the  sample  s cays  u  the  low  resistance  state  depends  on  the  specific  type 
of  system  and  it  is  strongly  dependent  on  the  temperature.  As  the  temperature  is  decreased 
the  memory  time  is  increased. 

Another  important  feature  of  switching  is  the  requirement  of  a  forming  voltage.  This 
forming  effect  consists  of  a  dramatic  reduction  of  the  threshold  voltage  (to  a  constant  value) 
after  the  first  switching  event  has  occurred.  This  phenomenon  is  generally  not  associated 
wi tn  the  switching  process  but  rather  with  the  contact  at  the  probes  (4),  it  can  be  minimized 
using  sufficiently  clean  electrode  conditions. 

Experimental  Procedure 

Natural  graphite  crystals  dissolved  from  Ticonderoga  marble  were  selected  to  obtain 
single  crystalline  material.  These  crystals  naturally  form  a  flake  shape  of  graphite  with  the 
basal  planes  parallel  to  the  surface  of  the  crystals.  The  aluminum/Al-oxide/graphite  samples 
were  prepared  by  vacuum  evaporation  in  a  two-step  process.  In  the  first  step  the  graphite 
crystals  were  properly  cleaned  and  masked  and  a  low  vacuum,  3x10*2  pa>  aluminum  oxide  deposi¬ 
tion  was  performed  at  a  slow  deposition  rate.  Following  the  oxide  deposition  a  high  vacuum 
deposition,  10_4  Pa,  of  commercially  pure  aluminum  was  done  at  a  high  deposition  rate,  to 
produce  the  top  aluminum  layer  as  shown  in  figure  1. 
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Argon  ion  sputtering  combined  with  AES  shewed  that  the  Al-oxiue  was  30  to  SO  nm  thick. 
'Tie  oxide  was  identified  as  y-Ai^O--  (S). 

"c.  determine  the  switcr.ir.c,  crc-rscte--  u-r  tot  a  voltage  was  applied  across  the 

interface,  by  placing  one  prone  at  tne  Al-mtudi  aot  ana  one  prooe  at  the  graphite  crystal  as 
shown  in  figure  2. 

The  I  -  V  curve  measurements  t  y.  ide  with  a  cu  • .  .  ..-'r.  Characteristic  high  resis¬ 
tivity  state  j.id  low  resistivity  si  a.  are  shown  in  3. 

A. ter  one  of  the  dots  switched  r  jin  high  res  is  lv  it  -  state  to  low  resistivity  state  it 
was  fractured  by  peeling  while  still  n  low  resistivity  state.  The  graphite  substrate  was  he 
ir  ,;Uce  by  a  vacuum.  Then  by  placing  a  quick  drying  glue  at  the  tip  of  a  probe,  the  center 
portion  of  the  aluminum  dot  was  peeled  away  from  the  crystal  by  lifting  the  probe.  The  secon 
dot  w.o;  fractured  under  the  same  loading  conditions,  but  while  still  in  the  high  resistivity 
scale. 

Oil  a  second  ue  s  of  samples,  a  voltage  was  applied  and  the  samples  switched  to  the  low 
resistivity  state,  but  sufficient  time  was  allowed  for  the  sample  to  return  to  the  high  resis 
vWvity  state.  The  samples  were  then  fractured  using  the  same  loading  procedures. 

Ail  of  tne  samples  were  analyzed  using  Auger  electron  spectroscopy  in  order  to  determine 
the  I rseture  path  associated  wi tn  the  different  resistivity  state  of  each  sample.  Both  sides 
of  tie  'rac cure  surface  were  analyzed. 

Experimental  Results 

Tne  Aug<_  spectra  showed  tnar  in  samples  fractured  in  the  low  resistivity  state,  the 
f-actur:  path  was  through  the  single  .  'ystal  graphite  substrate,  as  described  in  figure  4. 

Fc-  samples  fractured  in  t,  <.  n  .nr  resistivity  st.te.  the  fracture  path  weaved  through  thi 
Al-oxiue  layer  near  the  qrapni'-  interface,  as  showr.  in  figure  5. 

Tne  samp’-es  which  wer;  i :  ,.;*eo  r  ,  the  low  res  . .  v.ty  state,  but  which  were  given  suffi¬ 
cient  time  after  removal  of  use  volta  .u  to  relax  baex  t.s  the  high  resistivity  state  showed  a 
fracture  path  weaving  through  tne  aim  num  oxide  near  the  graphite  interface,  similar  to  the 
ur-.swi  tened  samples.  The  corresponding  Auger  spectra  are  shown  in  figures  6  and  7. 

Di s cus sion  and  Conclusions 

The  results  introduced  in  tnis  paper  make  it  evident  that  the  two  different  resistivity 
stales  introduced  by  the  switching  mechanism  present  in  the  aluminum/al uminum  oxide/graphite 
layered  system  can  be  directly  associated  with  the  strength  of  the  interface.  The  strength 
w-;  x'ru  interface  of  this  system  can  be  increased  by  applying  a  voltage  above  the  threshold 
voltage  forcing  fracture  to  occur  in  the  substrate  graphite  single  crystal. 

The  reversal  of  the  strength  of  tne  interface  when  the  system  relaxes  back  to  the  high 
resistance  ;>ute  is  a  strong  indication  that  no  permanent  phase  change  occurred  at  the  inter¬ 
face  during-  tne  excitation  to  the  high  conduction  state.  The  fracture  reverted  back  to  be 
w:  th': n  me  oxide  interface  region. 

Tne  results  clearly  demonstrate  l  at  the  nature  of  interface  bonding  as  reflected  by  its 
conductivity  can  be  modified  by  a  cnan.e  in  conduction  state  resulting  in  a  change  in  pre¬ 
ferred  fracture  path. 

A  more  detailed  study  of  the  i-V  -  naracteristics  combined  with  the  mechanical  stability 
of  He  system  is  presently  in  pngri-S'  to  gain  more  understand1'  j  of  this  correlation  and  to 
es  Lend  it  into  other  interface  system- 
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FIG.  1 

Description  of  aluminum/aluminum  oxide/graphite  samples  prepared 

by  vacuum  evaporation. 
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FIG.  2 

Application  of  voltage  across  the  interface  of  the  aluminum/ 
aluminum  oxide/graphite  system. 
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FIG.  3(a) 

High  resistivity  state  in  Al/Al-oxide/graphite 

system 

Scale:  Horizontal:  0.2  volts/div 
Vertical :  0.2  mA/div 


FIG.  3(b) 

Low  resistivity  state  in  Al/Al-oxide/ 
graphite  system 

C:3le:  Horizontal:  0.2  volts/div 
Vertical:  0.2  mA/div 
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FIG.  4 

Fracture  path  of  samples  fractured  in  the 
low  resistivity  state. 
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FIG.  5 

Fracture  path  of  samples  fractured  in  i 
high  resistivity  state.  Similar  path  \ 
observed  in  samples  allowed  to  relax  fi 
the  low  resistivity  state  to  the  high 
resistivity  state. 
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FIG.  6 

Auger  spectrum  of  samples  fractured  in  the  low  resistivity  state. 
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FIG.  7 

Auger  spectrum  of  samples  fractured  in  the  high  resistivity  state.  Similar  spectrum  was 
observed  in  samples  allowed  to  relax  from  the  low  resistivity  state  to  the  high  resistivity 

state. 
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Appendix  B 

I/V  TESTING  OF  COMMERCIAL  GR/AL  WIRE 

The  current  versus  voltage  behavior  was  examined  for  samples 
of  VSB- 32/6061  and  VSB-32/oxi de/6061  Gr/Al  composite  wire.  Sec¬ 
tions  of  composite  wire  two  centimeters  in  length  were  etched  so 
as  to  expose  bare  graphite  fibers  one  centimeter  in  length.  This 
was  done  by  applying  lacquer  to  each  specimen  before  etching  to 
enable  half  its  length  to  remain  unetched  during  upright  suspension 
of  the  specimen  in  50%  hydrochloric  acid-50%  methanol  solution  for 
a  period  of  thirty  minutes.  Afterwards,  a  methanol  rinse  and  a 
short  drying  period  prepared  the  specimens  for  electrical  lead 
attachment.  A  length  of  30  gauge  bare  copper  wire  was  tied  to  each 
bare  row  of  fibers  well  away  from  the  matrix  and  a  drop  of  conductive 
silver  paint  was  applied.  The  specimen  configuration  is  illustrated 
in  Fig.  B-l.  Flat-nosed  miniature  copper  "alligator"  type  clips 
sufficed  for  hookup  to  a  curve  tracer  for  the  conductivity  measure¬ 
ments. 

The  results  of  the  conductivity  measurements  for  the  commercial 
Gr/Al  wire  I/V  specimens  are  presented  in  Table  B-l.  A  switching 
effect  similar  to  what  was  observed  for  pure  thin  layer  composite 
model  systems  was  not  found.  The  likelihood  of  a  fixed  conductive 
state  in  as-received  commercial  composite  material  suggests  that 
oxidizing  the  fiber/matrix  interface  should  alter  this  condition. 
Short  term  air  furnace  heat  treatments  at  550°C  designed  to  limit 
fiber  degradation  did  not  promote  switching,  although  an  oxide  layer 
growth  of  50  nm  per  hour  was  anticipated  during  thermal  exposure. 
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Figure  B-l 

Commercial  Gr/Al  composite  I/V  specimen  configuration. 


Table  B-l 

RESULTS  OF  I-V  MEASUREMENTS  FOR  COMMERCIAL  Gr/Al 


Material 


Interfacial  Oxide  Conductance 

Condition*  Thickness  (nm)  (mhos) 


VSB-32/6061 

No  Ht 

5 

0.6 

VSB-32/oxide/ 

No  Ht 

15 

0.6 

6061 

AFA  -  *jhr 

25 

0.7 

AFA  -  lhr 

50 

1.0 

AFA  -  l^jhr 

75 

0.6 

*No  Ht  -  As  received 
AFA  *  Air  furnace  aged  at  550°C. 
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(Twenty- four  hour  air  furnace  aging  of  commercial  Gr/Al  produces 
interfacial  oxide  thicknesses  on  the  order  of  one  micron;  such 
interfaces  are  much  less  conductive  since  they  present  electron 
beam-induced  charging  problems  during  AES  analysis).  I/V  measure¬ 
ments  for  commercial  Gr/Al  subjected  to  more  thoroughly  oxidizing 
heat  treatments  were  not  attempted  since  the  experimental  dif¬ 
ficulties  associated  with  fiber  breakage  were  serious  using  the 
short  term  oxidizing  heat  treatments. 

One  should  realize  that  this  type  of  commercial  Gr/Al  composite 
I/V  specimen  contains  thirty  times  the  internal  interfacial  area 
that  the  typical  simulating  thin  layer  composite  model  system  has. 

(The  model  system  described  in  Appendix  A  has  an  interfacial  area 

2 

of  approximately  0.1  cm  ,  while  the  commercial  composite  I/V  speci- 

2 

men  system  used  here  has  an  interfacial  area  of  3  cm  ).  In  order 
for  the  commercial  specimens  to  be  in  the  low  conductance  state, 
each  should  have  a  net  conductance  of  only  30/(350fl)  or  approximately 
0.1  mho.  However,  they  have  conductances  in  excess  of  this  value, 
approaching  one  mho.  The  data  are  in  better  agreement  with  an  inter¬ 
face  in  the  high  conductance  state,  although  short-circuit  current 
patns  may  be  the  cause. 

Since  switching  was  not  observed  in  commercial  Gr/Al  composites, 
there  is  a  reasonable  likelihood  of  a  fixed  conductive  state  for  the 
fiber/matrix  interface.  However,  further  refinement  of  the  experi¬ 
mental  techniques  may  show  that  commercial  Gr/Al  materials  can  be 
switched  from  low  to  high  conductance  states  and  be  used  to  char¬ 
acterize  the  interface  strength. 
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INTERFACE  STRUCTURE  OF  HEAT-TREATED 


ALUMINUM  GRAPHITE  FIBER  COMPOSITES 


James  Lo,  Duane  Finello,  Michael  Schmerling  and  H.L.  Marcus 

Mechanical  Engineering  Department 
Materials  Science  and  Engineering 
The  University  of  Texas 
Austin,  Texas  78712 


(To  be  published  in  Proceedings-Composites  Seminar,  1982  AIME  Annual 
Meeti ng ) 


Summary 

The  interface  of  aluminum  graphite  metal  matrix  composites  was  char¬ 
acterized  with  TEM.  The  heat  treatment  of  the  composite  results  in  carbide 
formation  and  degradation  of  graphite  fibers.  The  fracture  path  shifts  from 
within  the  oxide  layer  to  either  the  fiber  interface  or  within  the  fiber 
itself  with  longer  aging  time.  Aluminum  carbide  was  observed  at  aging  tem¬ 
peratures  above  550°C  with  the  only  aluminum  carbide  phase  observed  being 
A14C3.  Very  coarse  grains  of  Al^  imply  preferred  orientations  of  carbide 
formation  due  to  the  anisotropici  ty  of  graphite.  Al^O^C  is  the  only  alumi¬ 
num  oxycarbide  phase  observed  at  the  interface  of  aluminum  graphite  fiber 
composites.  It  forms  a  fine  grain  distribution  at  all  aging  temperatures . 
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Introducti on 


Aluminum  and  aluminum  alloy  metal  matrices  in  graphite  fiber  reinforced 
composites  are  promising  systems  for  structural  applications.  A  major  prob¬ 
lem  is  the  poor  transverse  tensile  strength  in  contrast  to  the  high  longitu¬ 
dinal  tensile  strength.  Recent  studies  (1,2)  indicate  that  there  is  a  close 
relationship  between  interface  composition  and  morphology  and  mechanical 
behavior.  In  this  study,  the  transverse  tensile  strength  of  the  aluminum- 
graphite  fiber  composite  was  improved  slightly  when  the  aging  temperature 
was  raised  above  500°C.  Meanwhile,  longitudinal  tensile  strength  decreased 
noticeably  as  reported  elsewhere  (3). 

The  specimens  in  this  study  include  64371  and  64411 ,*  both  of  which 
have  Al-6061  as  metal  matrix  and  V SB- 32  pitch  fibers.  They  were  either 
encapsulated  in  various  vacuum  conditions  10_3  -  10_8  torr  (10"'  -  10-6  Pa) 
and  heated  to  400°C  -  640°C  or  heated  to  the  same  temperatures  without 
encapsulation,  then  naturally  aged.  The  heat-treated  specimens  show  the 
results  of  changes  in  the  interface  regions.  Compounds  at  the  interface 
that  are  crystalline  were  analyzed  by  using  the  selected  area  diffraction 
(SAD)  technique  in  the  transmission  electron  microscope  (TEM).  Crystallo¬ 
graphic  information  about  the  interface  reaction  zone  was  obtained  by 
examining  the  diffraction  patterns  from  sections  of  the  interface. 


Experiments 

The  best  way  to  get  separate  fibers  from  al umin urn- graph i te  fiber  com¬ 
posites  without  loss  of  major  interface  compounds  is  by  using  an  etching 
solution  which  is  prepared  by  dissolving  3  grams  of  NaOH  or  KOH  in  100  ml  of 
high  purity  methanol  (containing  0.03"  water)  with  frequent  stirring.  High 
purity  methanol  is  used  instead  of  water  as  solvent  for  preparing  the  alkali 
etching  solution  to  avoid  dissolution  of  aluminum  carbide  in  water  (4).  As 
a  test,  pure  aluminum  carbide  powders  were  immersed  for  five  hours  in  the 
etching  solution  without  indication  of  dissolution.  The  powders  were 
washed  by  high  purity  methanol  and  dried  completely  at  about  60°C.  Only 
the  spectrum  of  aluminum  carbide  appeared  when  the  powder  was  examined  by 
x-ray  diffraction.  At  the  present  time,  this  solution  is  the  only  one  that 
has  proved  to  be  effective  for  preserving  the  AT 4C3  and  AI4O4C  in  the 
aluminum-graphi te  fiber  composites.  " 

A  JE0L  150  kV  TEM  was  used  in  the  SAD  studies.  Interface  regions 
still  attached  to  separate  fibers  were  examined  with  applied  voltages  of 
100  kV  and  150  kV.  The  camera  constants  are  17.8  ±0.3  mm  A  and  13.7  ±0.2 
mm  A,  respectively. 


Results  and  Discussion 


Y-AI2O3  or  MgAl204  spinel  and  Ti B2  were  observed  in  the  interface 
regions  of  non- heat- treated  specimens  (5)  as  well  as  in  the  aged  specimens. 
Smaller  amounts  of  Ti B2  phase  were  found  when  the  specimens  were  aged  above 
550°C.  This  was  partly  caused  by  displacement  of  th°  Ti - B  layer  away  from 
the  fiber  into  the  matrix  (2)  and  partly  by  dissolution  £  T i Bg  into  the 
metal  matrix  during  carbide  formation.  The  specimens  aged  ab_,c  ^50°C 
showed  aluminum  carbide  (Al^C^)  and  aluminum  oxycarbide  ( Al 4O4C )  exirt.ing 

*$upplied  by  the  Aerospace  Corporation. 
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in  the  interface.  Their  diffraction  patterns  are  shown  in  Fig.  1  and  2. 


Figure  1  -  Selected  area  diffraction  pattern  of  A1 
from  the  interface  of  G4371  heat-treated  above  550^C. 


Figure  2  -  Selected  area  diffraction  pattern  of  Al/^C 
from  the  interface  of  G4371  heat-treated  above  550 *C . 


Carbide  formation  seems  to  occur  preferential ly  on  specific  orientations 
of  the  basal  plane  of  the  graphite  with  respect  to  the  interface.  Some 
orientations  make  nucleation  of  the  carbide  difficult  and  restrict  their 
growth  such  that  coarse  grains  form.  The  spotty  no..-'*1  of  the  A1 4C3  dif¬ 
fraction  pattern  is  due  to  the  large  grains.  There  seen..,  —  be  no  restric 
tion  on  the  A^O^C  nucleation  and  growth  since  it  forms  fine  ran.-  : 
oriented  grains  for  specimens  aged  as  high  as  640°C  as  indicated  by  i..e 
continuous  diffraction  pattern  in  fig.  2. 


The  higher  the  aging  temperature,  the  more  severe  the  interface 
reaction,  and  the  greater  the  grain  growth,  see  Figure  3.  The  interface 
region  serves  as  diffusion  path  for  carbon  resulting  in  carbide  formation 
with  fiber  surface  pitting  evident.  This  pitting  phenomena  can  cause  pre^ 
mature  longitudinal  failure  in  the  fibers  due  to  the  local  stress  concen¬ 
tration.  In  the  aged  specimen,  fibers  are  often  pulled  out  of  the  frac¬ 
ture  surface  during  the  tensile  testing.  No  interface  compounds  were 
found  attached  to  graphite  fibers  pulled  out  directly  from  the  specimens 
aged  at  temperatures  above  550°C.  This  lack  of  interface  material  indi¬ 
cates  that  the  fracture  path  was  within  the  interface  or  in  the  degraded 
graphite  fibers. 


(b) 


. jA 


(c) 

Figure  3  -  Scanning  electron  micrographs  of  the  interface  regions 
of  G4371  heat  treated  at  increasing  temperatures,  (a)  Non-heat 
treated,  (b)  550°C  at  ~5xl 0~ ^  torr  for  1  day.  (c)  640°C  at 
~5xl0-8  torr  for  1  day. 


Conclusions 


1.  Heat  treatment  allows  carbide  formation  and  degradation  of  graphite 
fibers  to  take  place  simultaneously. 

2.  The  fracture  path  shifts  from  in  the  oxide  layer  to  either  the  fiber 

interface  or  within  the  fiber  itself  with  increased  heat  treatment. 

3.  Formation  of  aluminum  carbide  at  aging  temperatures  above  550°C  was 

observed  with  the  only  aluminum  carbide  phase  observed  being  A14C3- 
Very  coarse  grains  of  AI4C3  imply  preferred  orientations  of  carbide 
formation  due  to  the  anisotropici ty  of  graphite. 

4.  AI4O4C  is  the  only  aluminum  oxycarbide  phase  observed  at  the  interface 
of  aluminum  graphite  fiber  composites.  It  forms  a  fine  grain  distri¬ 
bution  at  all  aging  temperatures. 
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Abstract 


Transmission  electron  diffraction  and  Auger  electron 
spectroscopy  studies  of  the  interfaces  of  selected  graphite/ 
aluminum  composite  systems  revealed  that  generally  titanium 
diboride,  (Til^),  and  aluminum  oxide,  (y-A^O^)  ,  were 
present  as  the  interfacial  phases.  The  grain  size  and  the 
crystallographic  structure  of  these  interfacial  phases  were 
studied  and  are  discussed  in  terms  of  the  transverse  frac¬ 
ture  behavior  of  the  graphite/aluminum  composites. 
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Introduction 

The  graphite  fiber  reinforcement/metal  matrix  compos¬ 
ites  are  of  great  interest  because  of  their  high  strength 
and  potential  for  large-scale  production  and  use.  Aluminum 
alloys  appear  promising  as  matrix  materials  for  graphite 
reinforced  metal.  In  the  majority  of  cases  the  fiber  is 
pretreated  followed  by  controlled  immersion  into  molten 
aluminum  to  make  the  metal  matrix  composite^.  Even  as 
this  liquid  metal  infiltration  technology  advanced,  the 
transverse  strength  of  graphite- aluminum  composites  remained 
poor  in  contrast  to  the  high  strength  in  the  longitudinal 
direction.  A  recent  study ^  indicated  that  the  transverse 
behavior  should  be  closely  related  to  the  interfacial  proper¬ 
ties.  This  interface  could  be  the  reaction  zone  between 
aluminum  and  fiber  or  the  reaction  zone  between  pretreatment 
coating  and  either  the  fiber  or  matrix. 

Some  variations  in  the  treatment  of  graphite  fibers 
have  been  developed^,  and  the  transverse  strength  has  been 
improved  without  significant  degradation  of  the  longitudinal 
strength.  But  the  basic  understanding  of  the  crystal  struc¬ 
ture  of  the  interface  phases  is  still  lacking. 

The  aim  of  the  present  work  was  to  obtain  crystallo¬ 
graphic  information  about  the  interface  reaction  zone  using 
electron  diffraction  in  a  Transmission  Electron  Microscope 
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(TEM) .  The  corresponding  interface  chemistry  on  some 
specimens  was  studied  using  a  Scanning  Auger  Microscope 
(SAM).  Various  composite  materials  with  different  trans¬ 
verse  strengths  were  employed  in  order  to  correlate  the 
structure  of  interface  phase  with  mechanical  properties. 

Titanium  diboride  (TiB^)  was  found  in  the  interface 
layer  for  every  material  processed  by  the  standard  pre¬ 
treatment  coating.  yAluminum  oxide  (y-Al^O^)  phase  was 
also  observed  in  most  materials  studied  here  as  were  other 
oxides  and  carbides. 

Experimental 

The  graphite/aluminum  composite  materials  examined  in 
this  study  are  listed  in  Table  1  along  with  fiber  type, 
transverse  strength  and  the  interface  phases  observed  in 
TEM.  Except  for  G5842  which  is  plate  consolidated  from 
T133  wire,  the  materials  are  all  unconsolidated  wires.  The 
matrix  material  is  6061  A1 .  The  single  fiber  wire  in  Table 
1  is  a  single  graphite  fiber "p repreg"  with  no  pretreatment 
coating  on  the  interface.  This  composite  wire  is  produced 
by  the  ion  vapor  deposition  of  an  aluminum  41  Mg  alloy  on 
the  fiber.  Basically,  two  fiber  types  were  examined  in  this 
study,  each  representing  currently  available  commercial  forms. 
One  is  a  low  modulus  type  II  PAN  fiber  with  the  oriented 
graphite  basal  planes  tending  to  be  parallel  to  the  fiber 


surface  just  below  it.  The  other  is  a  high  modulus  pitch 
type  fiber  with  basal  planes  roughly  perpendicular  to  the 
fiber  surface.  All  fibers  have  circular  cross  sections. 

See  Figure  1  for  the  relative  basal  plane  orientation. 

To  make  the  fiber-matrix  interface  accessible  to  obser¬ 
vation,  a  selective  etching  method  was  used.  The  materials 
were  dipped  or  swabbed  in  one  of  three  different  etchants: 
a  concentrated  HC1  solution,  an  HC1  solution  diluted  by  60- 
70%  volume  percent  methanol,  and  a  7N  KOH  solution.  The 
samples  were  then  thoroughly  rinsed  with  acetone,  methanol 
or  ultrasonically  cleaned  in  methanol.  Thus,  the  sample 
fibers  were  free  of  the  aluminum  matrix  material  and  only 
some  interface  pieces  still  attached  to  the  fiber  surface 
were  left.  Searching  along  the  fiber  surfaces  in  the 
transmission  electron  microscope*  revealed  numerous  inter¬ 
face  pieces  thin  enough  for  transmission  in  the  samples 
prepared  in  HC1  solution  diluted  by  methanol  or  in  concen¬ 
trated  HC1  solution  and  a  few  thin  interface  layers  in  the 
sample  etched  by  KOH. 

Both  the  composite  wire  and  plate  were  fractured  in  situ 
in  the  Scanning  Auger  Microscope  (SAM)**  under  103uPa  vacuum 

*A  JEOL  150  KeV  TEM  was  used  in  the  transmission  diffraction 
studies . 

**The  SAM  instrument  applied  in  these  studies  was  the 
Physical  Electronics  model  590  system. 
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in  order  to  unambiguously  analyze  the  material  in  the 
fractured  interface  region  between  fiber  and  matrix.  In 
addition,  some  of  the  samples  were  sputtered  using  5kV 
argon  ions  and  examined  to  identify  the  chemical  species 
present.  An  electron  beam  spot  size  of  appoximately  lp 
or  less  was  used  t:o  give  good  spatial  resolution  and  high 
signal  to  noise  ratio. 

Results  and  Discussion 

The  most  often  observed  phase  was  a  TiB^  hexagonal 
structure  which  was  found  in  all  the  pretreated  materials 
studied  here.  Some  typical  electron  diffraction  patterns 
of  TiB2  prepared  in  HC1  plus  methanol  for  various  composite 
materials  are  shown  in  Figure  2.  The  observation  of  the 
spotty  nature  of  the  rings  in  the  TiB  ,  diffraction  pattern 
from  the  T114A  composite  indicated  that  the  grain  size  of 
TiB^  in  the  T114A  composite  was  larger  than  the  grain  size 
of  TiB2  in  the  other  composites  studied  here.  This  grain 
size  difference  was  consistently  observed  in  many  fibers 
and  also  in  samples  prepared  by  tbe  other  selective  etchants: 
concentrated  HCJ  and  KOH.  One  basic  difference  between  T114A 
and  the  rest  of  the  composite  materials  is  that  the  fiber  in 
T114A  has  the  graphite  basal  plane  parallel  to  the  fiber  sur¬ 
face  but  the  other  composites  have  the  pitch  type  fiber  with 
basal  plane  perpendicular  to  the  surface.  This  difference  in 


crystallographic  orientation  in  the  substrate  .nay  lead  to 
a  preferential  growth  of  large  grains  for  a  TiB2  reaction 
product  in  T114A.  The  grain  size  effect  may  play  a  role  in 
the  transverse  properties  of  the  composites. 

In  recent  years  it  has  been  demonstrated  that  a  high 
degree  of  preferred  orientation  of  "fibrils”  are  formed  in 
the  graphite  fiber  of  high  tensile  modulus  and  strength^. 
The  "fibril"  is  a  structural  unit  which  is  composed  of 

"microfibrils"  and  pore  structures’ll.  its  dimensions 
have  been  estimated  to  be  from  250A  to  as  high  as  1000A1  ’ 
in  the  transverse  direction.  The  fibrils  have  indefinite 
length  and  may  form  a  continuous  or  branched  network.  The 
"microfibril"  is  a  stacking  of  graphite  layers  and  the 
dimensions  can  be  characterized  by  the  stacking  height  (or 
the  microfibril  thickness)  and  the  microfibril  width  and 
length . 

A  close  investigation  into  the  morphology  of  TiB2 
layer  in  electron  micrographs  for  various  composites  showed 
some  striated  or  ripple  characteristics  of  this  interface 
layer  in  pitch  fiber  reinforced  materials  (see  Figure  3). 
These  ripples  are  probably  due  to  the  "fibril"  structure. 
The  chemical  vapor  deposited  TiB2  covers  the  fiber  surface 
as  a  surface  replica.  A  rough  estimation  of  the  dimension 

O  O 

across  these  strips  gives  values  ranging  from  200A  to  600A 
which  are  in  the  range  of  fibril  transverse  dimension. 


('■  • 
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The  micrographs  of  Til?-,  layer  formed  at  the  interface  for 
low  modulus  PAN  II  composites  are  also  shown  in  Figure  4. 

The  comparison  between  pitch  fiber  and  low  modulus  PAN  II 

composites  can  be  seen  in  Figure  3  and  Figure  4,  respec¬ 

tively,  where  the  TiB2  phase  with  crenulations  or  ripples 
for  VSB-32  pitch  type  composites  and  without  for  PAN  II 
type  composites  are  presented.  The  diffraction  pattern  of 
Figure  3  (c,d)  is  shown  in  Figure  2  (b)  and  that  of  Figure 
4  is  shown  in  Figure  2(c). 

An  aluminum  oxide  (y-Al^Oj)  phase  was  often  observed 

along  the  fiber/matrix  interface.  The  origin  of  the  oxide 

has  not  been  clearly  established,  but  it  is  most  likely  the 

reaction  product  of  oxygen  which  was  contained  in  the  fibers 

and  then  segregated  to  the  interface  during  the  aluminum- 

infiltration  processing  step.  The  exact  role  of  this  oxide 

f  9 1 

layer  is  not  known  at  present,  but  the  recent  SAM  studies1  1 
indicate  that  it  seems  to  promote  matrix  adhesion  to  the 
graphite  which  might  be  responsible  for  an  increased  trans¬ 
verse  strength  in  graphite/aluminum  composites.  The  present 
TEM  examination  of  these  oxide  layers  on  the  fiber  surfaces 
indicated  that  the  y-Al203  phase  has  a  relatively  larger 
grain  size  on  the  average  than  that  of  TiB2«  The  electron 
diffraction  patterns  of  y-A^O^  (Fig.  5)  were  observed  for 
the  composites  with  an  interface  coating  and  the  single 
fiber  wire  which  had  no  coating  on  the  interface. 
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It  is  also  interesting  to  point  out  that  titanium 
carbide,  TiC,  was  observed  in  U3S4  2  and  f! 3 to 36  composites. 

In  both  materials,  the  rings  of  diffraction  pattern  are  con¬ 
tinuous,  however  the  diffraction  ring  is  broadened  to  some 
extent  in  G3636  composite.  This  is  believed  to  be  due  to 
the  effect  of  very  fine  grain  size.  The  diffraction  pattern 
and  micrograph  for  the  TiC  phase  can  be  seen  in  Figure  7. 

The  Al^Cj  phase  which  was  determined ^  to  be  present 
at  the  interface  in  other  research  (Aerospace  Corp.)  could 
not  be  identified  by  the  technique  used  here,  because  Al^C-j 
is  decomposed  in  water  and  highly  soluble  in  both  acid  and 
alkali  solution.  Recently  A14C^  as  well  as  oxides  other 
than  A1205  have  been  observed  using  an  electrochemical  thinning 
technique.  Further  studies  using  this  approach  are  now  in 
progress . 

The  interface  reaction  zone  in  the  composites  studied 
in  the  TEM  was  also  investigated  by  SAM  combined  with  in  situ 
fracture  to  help  identify  the  interface  chemistry.  The  frac¬ 
ture  paths  were  through  the  oxide  layer  or  close  to  either 
the  fiber  side  or  matrix  side  of  the  interfaces.  The  Auger 
chemical  analysis  versus  the  depth  into  the  fracture  surface 
was  obtained  using  inert  argon  ion  sputtering.  Using  sensi¬ 
tivity  factors  estimation  of  the  atomic  concentration 

ratio  of  titanium  to  boron,  Ti/B  at  selected  points  after 


43 


sputtering  was  consistently  about  0.5] -0.57  in  the  G3636 
and  G3842  materials  (see  Figures  8  and  9).  A  standard 
TiB2  Auger  spectra  after  sputtering  of  TiB2  powder  is  shown 
in  Fig.  10.  The  Ti/B  ratio  is  -.55.  A  lack  of  chemical 
shift  in  peak  location  and  consistent  peak  to  peak  height 
analysis  together  with  the  assumptions  that  the  escape 
depth  correction,  back  scattering  factor  and  surrounding 
chemical  effect  are  negligible,  support  the  TEM  results  that 
TiB2  phase  was  present  in  the  interface  layer.  Further 
studies  are  being  conducted  in  the  TEM  and  SAM  to  clarify 
and  extend  the  results  reported  in  this  paper. 


Conclusions 

Results  of  this  work  can  be  summarized  as  follows: 

1.  TiB.,  phase  is  generally  present  for  the  aluminum/graphite 
composites  processed  by  standard  pretreatment  coating 
technology . 

2.  Larger  TiB2  phase  grain  size  was  observed  in  PAN  II 
fibers  with  the  graphite  basal  plane  perpendicular  to 
the  fiber  surface.  This  could  relate  to  higher  trans¬ 
verse  strength  in  composites  with  this  fiber. 

Y-A120j  phase  was  found  in  most  composites  and  is  rela¬ 
tively  larger  in  grain  size  than  the  TiB2  phase. 


3. 


4.  The  mixture  of  y-Al^Oj  and  TiB2  was  observed  in  some 
areas  of  interface  for  the  composite  with  pitch  fibers 

5.  AES  identified  the  existence  of  the  approximately  stoi 
chiometric  TiB2  atomic  concentration  ratio,  for  many 
of  the  composites  studied. 
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*Transverse  Strength  was  tested  in  plate  forms  by  Aerospace  Corporation. 
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Fig.  3.  AES  analysis  of  the  fractured  interface  after  25 
minute  sputtering  in  T105A  (plate  G3636  was  used 


Fig.  9.  AES  analysis  of  the  fractured  interface  after  5  minute 
sputtering  in  G3842. 


10.  Standard  TiB7  SAM  spectra  after 
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Appendix  E 

THIN  FILM  ALUMINUM  CARBIDE  FORMATION 

In  commercial  Gr/Al  composites,  the  early  stages  of  solid  state 
aluminum  carbide  formation  are  believed  to  be  interface  controlled. 

A  simple  layer  growth  model  is  inappropriate  for  the  early  stages 
since  coarsening  of  the  fine  network  is  such  a  slow  process  (i.e., 
a  several  day  aging  period  is  required  to  develop  the  network  into 
a  structure  which  can  be  approximated  by  an  annular  layer  between 
the  interfacial  oxide  and  the  matrix).  However,  the  later  stages 
associated  with  continued  growth  of  Al^C^  are  diffusion  controlled 
with  the  carbon  diffusing  into  the  aluminum,  in  the  absence  of  an 
interfacial  oxide  layer,  forming  crystalline  Al^C^  platelets 

Investigation  of  the  Al^Cg  nucleation  and  growth  kinetics  through 
AES  studies  with  large  grained  polycrystal  1 ine  graphite  substrate/ 
adsorbate  systems  subjected  to  heat  treatment  has  been  addressed 
previously.  Additional  AES  data  are  presented  in  this  appendix  con¬ 
cerning  heat  treatment  of  glassy  carbon/y-A^O-j/Al  thin  layer  com¬ 
posites  which  may  have  implications  for  the  early  stages  of  Al^C-j 
formation  in  all  Gr/Al  systems. 

Heat  treatment  of  glassy  carbon/y-A^Oj/Al  thin  layer  compos¬ 
ites  of  approximately  25  nm  interfacial  oxide  thickness  was  per¬ 
formed  using  a  bell  jar  vacuum  system.  Each  specimen  was  aged  in 
an  inverted  position  with  the  back  side  of  the  substrate  in  contact 
with  the  thermocouple  to  avoid  scratching  the  thin  film.  (The 
metal  overlayer  was  intentionally  deposited  to  less  than  100  nm 
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thickness  to  optimize  the  layer  definition  during  depth  profiling.) 
Aging  times  ranged  from  five  to  sixty  minutes.  Aging  temperatures 
used  were  from  450°C  to  640°C.  The  vacuum  quality  was  held  constant 
at  5x10"^  Torr  (6.5x10”^  Pa)  during  heat  treatment. 

Only  a  slight  amount  of  Al^C^  was  detected  in  the  glassy  carbon/ 
y-Al 2O3/AI  thin  layer  composite  subjected  to  heat  treatment  at  500° C 
for  30  minutes.  Comparison  of  sputtering  profiles  for  specimens 
aged  for  30  minutes  and  60  minutes  at  500°C  (see  Figs.  1  and  2-a) 
indicates  that  A1 ^C3  forms  throughout  the  composite  as  heat  treat¬ 
ment  progresses  but  is  most  prominent  adjacent  to  the  glassy  car¬ 
bon  (see  Fig.  2-b).  Broadening  of  the  interfacial  and  surface 
oxide  layers  is  evident  following  heat  treatment.  The  oxide 
broadening  becomes  worse  at  higher  temperatures  (see  Fig.  3)  and 
it  seems  to  be  associated  with  the  rate  of  A1 ^ C3  formation. 

Effective  layer  thicknesses  of  similar  Al^  concentration 
were  determined  for  specimens  subjected  to  different  heat  treat¬ 
ments,  and  they  are  tabulated  with  the  equilibrium  reaction  rates 
(see  Table  E-l).  These  determinations  are  based  on  differences  in 
normalized  area  beneath  carbon  profiles  from  depth  profiling  data 
for  aged  and  as  prepared  specimens.  It  is  estimated  that  an  activa¬ 
tion  energy  of  200  kJ/mol  (see  Fig.  4)  is  associated  with  the  early 
stages  of  solid  state  Al^C^  formation  in  the  thin  layer  composites. 

The  presence  of  Al^C^  throughout  the  adsorbed  layers  of  the 
heat  treated  thin  layer  composites  and  the  rather  typical  activation 
energy  associated  with  the  early  stages  of  the  kinetic  process 
indicate  that  transport  of  carbon  and  aluminum  atoms  occurred 


readily  throughout  the  thin  films.  The  apparent  decomposition  of 
the  interfacial  oxide  and  the  lack  of  buffering  provided  by  the  A1 
metal  overlayer  require  additional  investigation.  Furthermore,  the 
prominence  of  Al^Cg  along  the  glassy  carbon/oxide  interface  is  in 
contrast  to  the  result  of  long  term  heat  treatment  of  commercial 
Gr/Al  which  produced  Al^C^  mainly  along  the  matrix/oxide  interface. 

It  must  be  emphasized  that  application  of  ideal  bulk  diffusion- 
controlled  reaction  rate  theory  to  the  complex  reaction  layer  is 
highly  speculative.  It  is  likely  that  aluminum  carbide  and  oxycar- 
bide  protrusions  form  in  the  early  stages  despite  the  fact  that 
the  substrate  material  is  nearly  amorphous.  In  addition,  thin 
layer  transport  through  the  interfacial  oxide  plays  a  major  role 
in  the  initial  stages,  while  bulk  diffusion  through  the  aluminum 
carbide  is  expected  to  take  precedence  later  following  relatively 
extensive  carbide  layer  thickening.  Nevertheless,  the  crude  analy¬ 
sis  does  give  an  indication  of  the  rates  involved,  and  the  activa¬ 
tion  energy  determined  compares  favorably  with  that  reported  in 
the  literature  ^  concerning  thick  Al^Cg  layer  growth  without  an 
intermediate  oxide  layer. 

Reference 
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RESULTS  OF  THIN  FILM  ALUMINUM  CARBIDE  FORMATION 
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g.  2(b).  Auger  spectrum  for  thin  layer  composite  heat 
treated  at  500°C  for  60  minutes,  sputtered  to  a  depth  of 
35  nm. 
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subjected  to  heat  treatment  at  550  C  for  15  minutes. 
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Fig.  4.  Temperature  dependence  of  the  equilibrium  reaction 
rate  for  aluminum  carbide  reaction  layer  formation  in 
glassy  carbon/v-alumina/Al  thin  layer  composites  with 
25  nm  inter facial  oxide  thickness. 
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Appendix  F 

ALUMINUM  CARBIDE  FORMATION  IN 
THE  GR/AL  SYSTEM 

This  appendix  deals  primarily  with  the  study  of  solid  state  alum¬ 
inum  carbide  (Al^C^)  formation  in  Gr/Al  composites.  For  temperatures 
above  the  solidus  temperature  of  the  aluminum  alloy  matrix,  the  Al^C^ 
reaction  rate  proceeds  quickly  in  a  manner  which  is  severely  detrimen¬ 
tal  to  the  graphite  fibers.  This  is  one  reason  why  diffusion  bonding 
parameters  have  a  critical  influence  upon  the  maximum  strength  of  com¬ 
mercial  composite  material  Within  the  solid  state,  at  elevated 

temperatures  below  the  matrix  solidus  point,  the  Al^C^  reaction  rate 
depends  heavily  upon  environment  of  the  specimen  during  thermal  expo¬ 
sure,  composition  and  thickness  of  the  composite  interface,  and  graphite 
crystal  orientation. 

For  the  model  systems  in  this  study,  single  crystal  graphite, 
polycrystalline  graphite,  or  glassy  carbon  serves  as  the  substrate  com¬ 
ponent  of  the  Gr/Al  system,  while  vacuum  deposited  thin  films  of  alumina 
and  aluminum  comprise  the  remainder  of  the  thin  layer  composite.  For 
thermal  treatment,  accurate  temperature  control  was  used  to  avoid  reach¬ 
ing  the  melting  temperatures.  The  solidus  for  the  6061  A1  alloy  is 
584°C  and  pure  A1  metal  melts  at  660°C. 

For  proper  temperature  regulation,  thermocouples  were  put  in 
direct  contact  with  the  specimens  being  heat  treated  in  both  the  rough 
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vacuum  environment  in  a  mechanically  rough-pumaed  furnace  tube  and  in 

an  insulated  electric  heater  in  a  diffusion  pumped  bell  jar  with  a 
“**6  —  2 

vacuum  of  2x10  Torr  (2.66x10  mPa) .  A  high  vacuum  ion-pumped  system 

facilitated  encapsulation  of  some  specimens  in  an  inert  environment  of 
-7  -2 

10  Torr  (1.33x10  mPa)  pressure  using  either  vycor  or  quartz  glass 
envelopes  for  an  alternative  form  of  heat  treatment. 

Commercial  Gr/Al  composites  and  thin  layer  composites  were  sub¬ 
jected  to  various  kinds  of  heat  treatment.  Gas  chromatography  and 
Auger  electron  spectroscopy  (AES)  in  conjunction  with  inert  ion  sput¬ 
tering  were  used  in  this  investigation  to  gain  information  regarding 
the  extent  of  Al^C^  formation  in  the  heat  treated  composites. 

As  mentioned  before  the  external  environmental  influence  upon 
Al^C^  formation  must  not  be  overlooked.  It  certainly  matters  whether 
specimens  are  heat  treated  in  an  inert,  encapsulated  environment,  a 
vacuum  oil-pumped  reducing  environment,  or  an  oxidizing  environment. 

Al^C^  production  is  influenced  by  the  mixture  of  gases 

which  the  Gr/Al  composite  material  is  exposed  to  during  heat  treatment 
within  the  solid  state.  The  primary  cause  of  this  effect  is  diffusion 
down  the  fiber/matrix  interface  during  the  heat  treatment.  Extensive 
heat  treatment  at  550°C  in  either  the  encapsulated  "high  vacuum"  condi¬ 
tion  or  in  an  air  furnace  results  in  little  or  no  A1.C-,  formation. 

This  is  apparently  due  to  a  lack  of  available  hydrogen  and  active  hy¬ 
drocarbons  in  the  encapsulated  high  vacuum  condition,  while  an  excess 
of  oxygen  and  water  vapor  induces  dominant  alternative  oxidation 
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reactions  at  the  interface  in  the  air  furnace  condition.  However, 
solid  state  heat  treatment  in  oil-pumped  rough  vacuum  systems  promotes 

A1,C_  formation  at  the  interface. 

4  3 

AES  data  reveal  that  internal  A1,C_  formation  was  induced  in 

4  3 

many  polycrystalline  Gr/Al  thin  layer  composites  heat  treated  in  the 
solid  state  regime  in  a  diffusion  pumped  bell  jar  vacuum  system.  For 
example,  results  shown  in  Fig.  l(a-e)  represent  a  550°C,one  hour 
heat  treatment  of  a  polycrystalline  Gr/Al  thin  layer  composite  with  no 
interfacial  oxide  deposited.  The  presence  of  Al^C^  is  clearly  indicated 
by  Fig.  1(d).  Fig.  1  includes  the  measured  depth  profile  (a), 
along  with  important  corresponding  spectra  (b-e)  which  show  details  of 
native  oxide,  A1  metal,  Al^C^,  and  graphite  substrate.  However,  inter¬ 
pretation  of  the  data  in  terms  of  layer  thickness  is  not  straightforward 
since  the  measured  profile  transitions  between  metal,  carbide,  and 
graphite  are  not  steplike  or  well-defined.  This  is  attributed  to  the 
nonuniform  metallographic  polishing  characteristics  of  polycrystalline 
graphite  as  a  substrate  material  and  the  resulting  need  to  deposit  thick 
overlayers  to  prevent  a  large  percentage  of  the  total  film  surface  from 
being  converted  completely  to  Al^C^  before  heat  treatment  has  been 
completed. 

A  nonuniform  adsorption  problem  is  characteristic  of  ordinary 
polycrystalline  graphite.  Film  quality  becomes  intolerably  poor  with 
deposited  film  thicknesses  within  the  submicron  range.  Practically 
complete  conversion  of  a  submicron  A1  film  to  Al^C^  resulted  from  a 
550°C,  half-hour  bell  jar  type  vacuum  heat  treatment  of  a 
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(continued) 

FIGURE  la 

Sputtering  profile  of  polycrystalline  graphite/aluminum  thin  layer 
composite  aged  1  hr  at  550°C. 


(b) 


FIGURE  l(b-e) 

Correspond!' ng  Auger  spectra  for  aged  polycrystall ine  Gr/Al  at  four 
stages  of  sputtering,  showing  surface  oxide  (b),  pure  aluminum 
metal  (c),  aluminum  carbide  (d)  and  graphite  substrate  (e). 
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polycrystalline  Gr/Al  thin  layer  composite  having  no  interfacial  oxide 

deposited  (see  Fig.  2(a-d)).  Notice  that  there  is  an  obvious  presence 

of  the  carbide  along  the  composite  surface  in  the  initial  heat  treated 

state  judging  from  Fig.  2(b).  The  composite  had  evidently  reacted 

completely  during  thermal  treatment  since  no  A1  metal  overlayer  remained. 

It  would  be  incorrect  to  deduce  that  the  Al.C.  reaction  zone  extends  as 

4  3 

a  dispersion  into  the  bulk  substrate.  The  data  actually  suggest  quite 
the  contrary. 

Since  polycrystalline  graphite  was  used  as  the  substrate,  it  is 
doubtless  that  microscopic  nucleation  irregularities  and  nonuniform 
layer  growth  occurred  during  deposition.  Suppose  for  simplicity,  that 
sputter  removal  of  surface  atoms  followed  a  layer-by-layer  mechanism. 

Then  depth  profiling  would  have  some  subtle  complications.  Any  micro¬ 
scopic  defects  which  were  once  unfavorable  for  nucleation  during  depo¬ 
sition  would  be  first  to  become  exposed  during  sputter-etching.  There¬ 
fore,  one  might  often  expect  to  see  carbide  and  graphite  peaks  super¬ 
imposed  (as  in  Fig.  2(c))  and  sluggish  transitions  in  depth  profiles, 
such  as  those  apparent  in  Figs.  1(a)  and  2(a),  due  to  unavoidable 
contributions  obtained  simultaneously  from  reaction  layer  and  polycrys¬ 
talline  graphite  substrate. 

Fig.  3(a-e)  indicates  that  an  encapsulated  high  vacuum  heat 
treatment  does  not  promote  Al^C^  formation  like  a  bell  jar  type  vacuum 
heat  treatment  for  the  same  temperature  and  duration.  Fig.  1(d)  and 
Fig.  3(d),  spectra  taken  when  the  C/Al  signal  ratio  was  3:2  for  each 
of  the  sputtering  profiles  (Figs.  1(a)  and  3(a)),  each  show  carbon 
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THICKNESS  SPUTTERED  (MICRONS) 


FIGURE  2(a) 

Sputtering  profile  of  polycrystalline  Gr/Al  thin 
layer  composite  aged  1  hr  at  550°C.  The  heat 
treatment  resulted  in  complete  conversion  of  the 
submicron  aluminum  metal  film  to  aluminum  carbide 
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FIGURE  2 ( b-d) 

Corresponding  Auger  spe,ctra  at  three  stages  of  sputtering, 
showing  surface  oxide  and  carbide  (b),  mixture  of  aluminum 
carbide  and  graphite  (c)  and  graphite  substrate  (d). 
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FIGURE  3(a 

Sputtering  profile  of  polycrystal  line 
subjected  to  encapsulated  high  vacuum 
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FIGURE  3(b-e) 

Corresponding  Auger  spectra  at  four  stages  of  sputtering, 
exhibiting  the  absence  of  aluminum  carbide.  Surface  oxide  (b), 
aluminum  metal  (c),  mixture  of  aluminum  and  graphite  (d),  and 
graphite  substrate  (e)  are  illustrated. 


and  aluminum  peaks  with  approximately  the  same  peak-to-peak  height. 

Yet  the  spectrum  representing  the  encapsulated  high  vacuum  550°C,  one 
hour  thermal  exposure  (Fig.  3(d))  shows  that  the  carbon  and  aluminum 
have  not  reacted  extensively  to  form  aluminum  carbide.  Neither  com¬ 
posite  specimen  heat  treated  had  an  intermediate  oxide  layer  present 
to  retard  the  reaction  rate.  Both  specimens  had  polycrystalline  graph¬ 
ite  substrates  with  pure  aluminum  overlayers.  However,  the  extent  of 
Al^C^  formation  was  clearly  different  for  each,  and  the  difference  was 
somehow  related  to  the  diffusion  pumped  vacuum  environment  in  the  bell 
jar  system. 

A  polycrystalline  Gr/Al  composite  with  a  100  nanometer  thick 
interfacial  aluminum  oxide  layer  was  heat  treated  in  the  bell  jar 
vacuum  system,  again  using  550°C  temperature  for  a  one  hour  period. 

The  results  (see  Fig.  4(a-d))  show  that  Al^C^  still  forms  despite 
the  presence  of  the  oxide  barrier,  yet  the  complexities  of  the  analysis 
prevent  one  from  readily  understanding  the  kinetics  of  this  experiment. 
The  spectra  of  Fig.  4  suggest  that  Al^C^  might  be  distributed  through¬ 
out  the  composite,  even  within  the  oxide  itself,  but  this  is  quite  mis¬ 
leading.  It  is  only  an  artificial  effect  introduced  by  use  of  poly¬ 
crystalline  graphite  substrates.  Heat  treatments  with  commercial  Gr/Al 
composites  show  that  matrix  sputtering  profiles  of  in  situ  fractured 
material  indicate  that  Al^C^  forms  between  the  magnesium-aluminum  oxide 
layer  and  the  6061  A1  alloy  matrix  (see  Fig.  5). 

Use  of  carbon  substrate  material  of  better  quality  than  ordinary 
polycrystalline  graphite  would  facilitate  a  simplified  kinetic 
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FIGURE  4(a) 

Sputtering  profile  of  aged  polycrystalline  Gr/Al  thin  layer 
composite  with  intermediate  oxide.  Heat  treatment  was  at 
550°C  for  1  hr. 


G4411  Pitch  Gr/6061  Al 


Fig.  5  High  spatial  resolution  AES  sputtering  profile 

of  aged  commercial  Gr/Al  composite  material  fractured 

in  situ  and  sputtered  into  the  matrix.  Aluminum  carbide 

was  found  between  the  interfacial  oxide  and  the  bulk 

matrix,  which  suggests  that  carbon  atoms  diffuse  from 

the  graphite  fiber  through  the  oxide  layer  in  order  to 

react  with  aluminum  atoms  and  form  Al.C_. 
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experimental  analysis.  Natural  single  crystal  graphite  basal  plane 
surfaces  are  of  high  quality.  But  graphite  basal  plane  surface  reac¬ 
tivity  with  aluminum  appears  to  be  very  low.  After  the  standard  550°C, 
one  hour  heat  treatment  in  the  bell  jar  vacuum  system,  any  amount  of 
Al^C^  formed  in  a  single  crystal  Gr/Al  thin  layer  composite  was  unde¬ 
tectable  (see  Fig.  6(a-f)). 

Glassy  carbon  is  by  far  the  most  suitable  substrate  material  for 
Gr/Al  kinetic  analysis.  Glassy  carbon  can  be  polished  uniformly  and 
it  has  the  ability  to  react  with  aluminum  in  the  solid  state  at  a  con¬ 
venient  rate.  Experiments  for  kinetic  analysis  hinge  upon  optimization 
of  the  multilayer  configuration  (see  Fig.  7)  and  application  of  a  set 
of  heat  treatments  which  avoid  complete  conversion  of  the  A1  metal  over¬ 
layer  to  Al^C^ ,  It  has  been  found  that  with  an  interfacial  oxide  thick¬ 
ness  of  20  nanometers  between  a  polished  glassy  carbon  substrate  and  a 
50  nanometer  thick  A1  overlayer,  only  about  twenty  minutes  elapsed  be¬ 
fore  550°C  heat  treatment  in  the  bell  jar  vacuum  system  resulted  in 
complete  Al^C^  reaction  of  the  A1  film.  Further  experiments  over  a 
variety  of  temperatures  with  glassy  carbon/aluminum  composites  having 
a  variety  of  interfacial  oxide  thicknesses  should  lead  to  a  better 
knowledge  of  the  kinetics  of  the  Gr/Al  system.  Results  from  several 
such  experiments  are  presented  in  Appendix  E. 

In  summary,  Al^C^  formation  in  the  Gr/Al  composite  system  in  the 
solid  state  is  greatly  influenced  by  the  gaseous  environment  during 
heat  treatment  and  by  graphite  crystalline  orientation.  Use  of  glassy 
carbon  substrates  is  required  to  gain  more  knowledge  concerning  the  ef¬ 
fects  of  temperature  and  interfacial  oxide  thickness  upon  Al^C^  reaction 
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FIGURE  6(a) 

Sputtering  profile  of  single  crystal  Gr/Al  thin 
layer  composite  with  intermediate  oxide.  Heat 
treatment  was  at  550°C  for  1  hr. 
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FIGURE  6(t>Tf) 

Corresponding  Auger  spectra  at  various  stages 
showing  surface  oxide  (b),  aluminum  metal  (c) 
oxide  (d)  and  (e),  and  graphite  substratp  (f) 
the  carbon  peak  is  predominantly  graphitic  in 
little  or  no  carbide  has  formed. 


of  sputtering, 
intermediate 
In  all  cases, 
character,  so 
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FIGURE  7 

Spattering  profile  of  glassy  carbon  Gr/Al  thin  layer 
composite  with  30  nm  thin  intermediate  oxide  layer. 
Layer  definition  is  excellent  with  this  type  of  sub¬ 
strate. 
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rate,  as  well  as  to  provide  additional  confirmation  for  the  belief  that 
carbon  atoms  migrate  through  the  interfacial  oxide  to  combine  with  alum¬ 
inum  atoms  and  form  Al^C^  which  does  not  become  dispersed  into  the  bulk 
of  the  aluminum. 


Reference 

1  W.C.  Harrigan  and  D.M.  Goddard,  Journal  of  Metals  27_  (5)  (1975)  20. 
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RESIDUAL  STRESS  MEASUREMENT  IN  METAL  MATRIX  COMPOSITES 


Swe-Den  Tsai,  M.  Schmerling  and  H.L.  Marcus 

Department  of  Mechanical  Engineering/Materials 
Science  and  Engineering,  The  University  of  Texas 
Austin,  Texas  78712 


INTRODUCTION 

Due  to  the  large  difference  in  the  coefficients  of  thermal 
expansion  of  the  continuous  fibers  and  the  metal  matrix  in  metal 
matrix  composites,  a  large  residual  stress  pattern  could  be 
expected  when  the  composite  is  cooled  from  the  fabrication  temper¬ 
ature  to  room  temperature.  This  paper  will  first  briefly  describe 
the  x-ray  techniques  used  to  measure  the  residual  stresses  and  then 
present  and  discuss  the  residual  stress  results  obtained.  Experi¬ 
ments  were  done  on  aluminum,  magnesium  and  titanium  matrix  compos¬ 
ites.  This  paper  will  concentrate  on  the  measurements  in  the 
aluminum  graphite  system.  It  should  be  noted  that  the  reported 
residual  stresses  are  only  from  the  matrix  phase  due  to  the  dif¬ 
ficulty  introduced  by  the  large  texture  in  the  graphite  fibers. 

EXPERIMENTAL  AND  ANALYTICAL  PROCEDURES 

The  fundamentals  of  determining  stress  with  x-ray  diffraction 
have  been  defined  in  detail  elsewhere  in  this  symposium.  In  this 
section,  simple  principles  and  methods  related  to  the  x-ray  tech¬ 
niques  as  applied  to  the  measurement  of  residual  stress  in  the 
metal  matrix  continuous  fiber  composites  are  presented. 

The  residual  stresses  of  Graphite-Aluminum  composites  were 
measured  utilizing  the  diffractometer  technique  to  quantitatively 
record  the  intensity  profiles.  Two  kinds  of  diffractometers  with 
different  geometrical  configuration  and  optics  were  applied:  the 
classical  Bragg-Brentano  diffractometer,  also  called  co— d i f fracto- 
meter,  and  ij>-dif fractometer ,  which  is  similar  to  the  Schulz  method 
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for  pole  figure  determination.  'Hie  classical  w-diff Tactometer  was 
the  most  common  instrumental  arrangement  lor  many  years.  While 
still  in  heavy  use  in  the  United  States,  it  is  being  superceded  by 
the  "tj>-di  f  f  ractomet  er"  in  Europe  and  Japan. 


In  the  to— di f f ractometer ,  the  ij/  tilt  angle  is  obtained  by 
rotating  the  specimen  on  the  goniometer  axis  independently  of  the 
counter,  or  say,  parallel  to  the  20  axis.  As  seen  in  Fig.  1,  this 
would  produce  a  new  focal  point.  In  order  to  achieve  the  best  pos¬ 
sible  focusing  during  the  \p  inclination,  the  receiving  slit  and  the 
detector  must  be  moved  to  a  new  point  C  in  Fig.  lb.  The  motion  of 
the  receiving  slit  must  be  truly  radial  or  an  error  will  occur. ^ 


The  stress  measurements  were  also  made  on  a  "i|>-dif fractometer ," 
where  the  specimen  is  rotated  around  an  axis  lying  parallel  to  the 
diffractometer  plane,  i.e.,  normal  to  the  goniometer  axis,  as  in 
Fig.  2.  The  principle  characteristics  and  application  have  been 
summarized  by  Macherauch  and  Wolfstieg.2  This  diffractometer, 
often  referred  to  as  the  "side- inclining  procedure",  has  its  unique 
advantages  lying  in  the  fact  that  the  incident  and  diffracted  rays 
are  equal  path  lengths  and  independent  of  0,^  and  vertical  diver¬ 
gence.  During  rotation  of  the  specimen  around  the  ip  axis,  the  x- 
ray  tube,  specimen  surface  and  the  counter  all  remain  on  the  fo¬ 
cusing  circle  eliminating  the  relocation  of  the  receiving  slit  to 
obtain  optimum  focusing.  As  the  path  length  for  incident  and  scat¬ 
tered  beams  inside  the  specimen  is  the  same,  we  do  not  need  the 
absorption  correction  after  a  ij>-tilt  as  we  do  for  the  ta-diff racto¬ 
meter. 
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Fig.  1.  u>-di  ffractometer .  The  ip  angle  is  tilted  around  the  axis 
perpendicular  to  the  drawing. 

(a)  specimen  is  on  the  focusing  circle  when  4,=0» 

(b)  the  focus  moves  when  the  specimen  is  tilted 
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Fig.  2. 


»(>-ditfractometer.  The  angle  is  tilted  around  an  axis  in 
the  plane  defined  by  the  incident  and  diffracted  beams. 


Except  for  many  of  the  unpredictable  sources  of  error  which 
depend  on  either  alignment,  sample  position  or  electronic  stability 
there  are  some  predictable  factors  influencing  the  bias  in  the  pre¬ 
cision  control .  The  following  will  be  concerned  with  their  effects 
and  significance  to  our  experiment: 


(a)  borentz- Polarization  Factor 

This  term  combines  two  20  dependent  intensity  corrections,  the 
Lorentz  factor  and  Polarization  factor  which  are  important  in  both 
0)  and  (}>  diffractometer.  The  conventional  correction  factor  for 
filtered  radiation  designated  L  ,  is:J 

P 

1+cos2  20 
P  =  sin20 

(b)  Absorption  Factor 

This  is  significant  in  u>-diffractometer.  For  a  flat  sample 
the  measured  intensity  is  corrected  by  dividing  by:^ 

ABS  =  l-tani/>  cot0 


(c)  Atomic  Scattering  Factor  and  Temperature  Factor 


For  alloys  these  two  terms  are  often  complex  and  usually 


86 


neglected.  The  Dehye  temperature  factor  is  a  very  small  correction 
relative  to  the  others.  Since  we  are  measuring  the  stress  of  alumi¬ 
num  matrix  in  the  composite,  the  atomic  scattering  factor  for  alumi¬ 
num  metal  was  incorporated  in  the  correction.  The  temperature  fac¬ 
tor  was  not  considered. 

After  the  intensity  distributions  have  been  corrected  by  these 
factors,  the  angle  of  the  diffraction  peak  for  various  ^  tilts  could 
be  determined  from  a  consistent  feature  of  line  profile.  In 
residual  stress  measurements  using  x-ray  diffraction,  the  profile 
has  been  traditionally  defined  in  the  U.S.  by  the  apex  of  a  parab¬ 
ola  fit  to  the  top  region  of  intensity  curve.  The  data  points  were 
selected  following  the  rule  of  using  only  approximately  the  top  15%, 
then  fitting  the  points  to  a  parabola  by  least  squares  fit. 

Eleven  data  points  were  selected  to  accumulate  the  counts 
instead  of  regular  three  or  five  points  parabola  for  both  types  of 
diffractometers.  The  use  of  these  multiple  data  points  (rather 
than  three)  and  a  Least-squares  parabolic  fit  have  been  demonstrated 
to  improve  the  reproducibility  significantly  in  a  computer  automated 
data  collection  system.-’  The  eleven  data  point  profile  is  not  neces¬ 
sary  for  manual  collection  systems.  The  reason  for  using  the  eleven 
point  parabolas  in  both  types  of  diffractometers  was  to  keep  the 
analysis  consistent. 

The  u)-di f I ractometer  measurements  were  made  at  Northwestern 
University  on  a  computer  controlled  Picker-diffractometer  following 
the  parafocusing  geometry  and  the  results  were  reported  elsewhere.® 
The  hardware,  software  and  its  capability  have  been  described. ^ 

Sin^tj/  angle  tilts  taken  in  equal  increments  were  employed.  In  order 
to  counteract  grain  size  effect,  20-oscillations  of  2  degrees  were 
employed  when  necessary.  The  matrix  grain  size  here  is  approximately 
a  few  tenths  of  a  millimeter.  The  cobalt  x-ray  source  of  0.15  cm^ 
aperture  size  was  employed.  About  90  percent  of  intensity  came 
from  a  depth  of  5. 4x10" 3  cm  of  sample  surface.  Because  of  the  ease 
of  doing  repetitive  peak  determination  and  the  method  of  collecting 
counts  on  the  selected  data  points  in  this  automated  system,  only 
the  data  with  a  correlation  factor  of  0.95  or  above  in  the  linear 
least-squares  fit  for  d  versus  sin^B  were  considered  reliable.  For 
the  ip  diffractometer,  a  Siemens  texture  diffractometer  with  adjust¬ 
able  beam  size  aperture  was  applied,  and  the  GE  x-ray  source  com¬ 
bined  with  this  Siemens  diffractometer  was  also  used  for  some  of 
the  specimens.  The  manual  step  scans  of  20  for  the  data  accumula¬ 
tion  were  controlled  carefully.  Although  this  required  a  tedious 
and  time-consuming  procedure,  there  was  flexibility  in  choosing 
peak  position  and  breadth  which  varies  with  sample,  residual  stress 
level  and  ip  angle.  The  advantages  in  optics  and  geometry  for  the 
ip-tilt  described  earlier  in  this  section  made  this  technique  supe¬ 
rior.  A  copper  radiation  source  was  used.  A  horizontal  beam  size 
of  0.1x0. 5  cm^  was  adjusted  in  the  beam  aperture.  The  raw  data 
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were  then  processed  by  a  computer  program.  The  peak  locations  and 
the  stresses  were  thus  determined.  Either  fix-count  or  fix  time 
accumulation  procedures  were  used  to  maintain  good  statistical 
errors . 


'Hie  residual  stress  measurements  were  made  on  many  of  the 
graphite-aluminum  composites.  Different  fiber  type  and  processing 
methods  were  used  to  produce  the  composites  studied  here.  The  vari¬ 
ation  of  fiber  properties  and  processing  procedures  could  modify  the 
mechanical  properties  as  well  as  the  stress  state  on  the  interface 
area..  The  components  of  the  composites  studied  are  listed  in  Table 
1.  All  the  materials  here,  except  the  Pitch/6061  G4371  and  G4411, 
were  produced  using  the  standard  Ti-B  CVD  coating  process  onto  the 
graphite  fibers  prior  to  passing  the  fiber  tow  through  the  aluminum 
melt.  Pyrolytic  carbon  coating  prior  to  the  Ti-B  processing  was 
used  in  G3437  and  precoating  of  porcelain  enamel^  was  applied  in 
PANI1/6061  G3675.  The  precursor  wire  produced  by  these  processing 
methods  was  then  consolidated  into  plate  form  by  diffusion  bonding. 
Residual  stress  measurements  were  also  made  on  the  samples  of 
Rayon/201  G3394  and  PANII/201  G3437  quenched  to  liquid  N~  tempera¬ 
ture  and  then  tested  at  room  temperature.  To  establish  base  line 
data  composite  Rayon/201  G3394  with  high  modulus  fiber  and  the  low 
modulus  fiber  composite  G3437  which  has  about  one  half  transverse 
strength  of  G3394  were  selected  to  see  the  effects  of  the  thermal 


Table  1.  Components  and  Properties  of  Aluminum  Graphite 

Composites 


Composites 

Fiber 

Base 

Young's  Modulus 
of  Fiber  xlO^  psi 

Matrix 

G3394 

Thorne 1  50 

Rayon 

60 

A1 

201 

C3437 

Thorael  300 

PAN  II 

34 

A1 

201 

C3675 

Celion  6000 

PAN  11 

35 

A1 

6061 

G3669 

Celion  6000 

PAN  II 

35 

A1 

6061 

G4371 

VSB-  32 

Pitch 

55 

A1 

6061 

G4411 

VSB-32 

Pitch 

55 

A1 

6061 

*The  matrix  of  G3394  and 

G3437  are  A1  201.  Matrix 

for 

the 

other  composites  are  A1  6061.  Young's  modulus  for  A1  201 
and  6061  are  10.2  and  10  (Mpsi).  The  yiel3  strength  are 
35  ksl  and  37  ksi  respectively. 


expansion  mismatches  and  correlation  with  transverse  strength.  The 
PANII/6061  G3675  and  G3669  were  chosen  because  of  the  high  content 
of  AI4C3.  The  G3675  is  an  extreme  case  of  very  high  transverse 
strength  with  a  degraded  longitudinal  strength.  The  composite  G3471 
and  G4411  with  high  modulus  fiber  VSB-32  and  6061  A1  alloy  matrix 
were  also  analyzed  here.  The  measurements  ‘of  the  change  in  the 
residual  stress  patterns  of  the  liquid  nitrogen  quenched  samples 
were  to  relate  them  to  the  transverse  strengths  measured  before 
and  after  quenching. 

Due  to  the  relatively  large  divergent  beam  impinging  on  the 
sample  surface  and  the  penetration  depth  greater  than  a  monolayer 
of  fibers,  the  stress  measurement  obtained  was  a  volume  average 
over  the  matrix,  similar  to  the  one  represented  by  the  dotted  line 
in  Fig.  3.  For  such  a  volume  average,  the  penetration  dpeth  of  x- 
ray  becomes  an  important  parameter.  Since  it  is  the  stress  in  the 
vicinity  of  the  interface  that  is  of  interest  here,  it  is  essential 
to  expose  the  interface  in  the  specimen  to  the  x-rays.  This  is  a 
particular  problem  in  the  Ti  composites  where  the  fibers  are  about 
150  micrometers  in  diameter.  In  other  words,  the  penetration  depth 
should  be  such  that  the  x-rays  average  over  the  region  which  in¬ 
cludes  interfaces. 

In  the  preparation  of  the  samples,  mechanical  polishing  was 
not  used,  since  it  could  introduce  extra  residual  stress.  By 
electropolishing,  enough  surface  material  could  be  removed  so  as 
to  expose  the  interface  area,  and  to  get  rid  of  the  surface  layer 
that  may  have  been  stressed  by  mechanical  work.  The  electrolyte 
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Fig.  3.  A  simple  model  to  show  the  residual  stress  distribution. 

The  dotted  line  is  an  average  value.  The  term  a  is  the 
yield  strength  of  the  matrix. ^  ^ 


Fig.  4.  Stress  Measurement  geometry.  L= longitudinal; 
T= transverse. 


used  fur  the  aluminum  graphite  was  a  solution  of  one  part  con¬ 
centrated  nitric  acid  in  3  parts  of  methanol  by  volume.  For  Rayon/ 
201  03394 ,  PANII/6061  03437,  and  G3669,  Pitch/6061  G4371  and  04411 
the  sample  surfaces  were  polished  just  enough  to  expose  portions  of 
interfaces.  With  PANII/6061  G3675,  a  sample  with  light  electro¬ 
lytic  polishing  was  prepared.  This  resulted  in  a  thin  surface 
layer  of  aluminum  above  the  fibers  having  thickness  greater  than 
the  penetration  depth  of  the  x-rays.  Thus,  during  volume  averaging 
only  the  aluminum  matrix  containing  no  fibers  would  be  covered.  In 
addition,  a  heavier  polishing  was  also  done  on  the  sample  of  Pitch/ 
606]  04411  composite  to  reach  the  deeper  region  down  into  the  sur¬ 
face,  after  the  stresses  of  the  normally  polished  surface  were 
measured.  The  stress  levels  then  could  be  compared  versus  the  dis¬ 
tance  from  the  surface  of  the  sample.  Specimens  used  were  plates 
with  the  approximate  thickness  from  0.15  to  0.4  cm,  and  dimensions 
1.9  to  2.5  for  the  width  and  length.  The  area  of  plates  was  large 
enough  so  that  the  beam  divergence  could  stay  within  the  center 
portion  of  the  specimens.  Residual  stress  measurements  were  made 
in  both  the  longitudinal  and  transverse  directions  to  the  fiber 
axis,  as  indicated  in  Fig.  4. 


RESULTS  AND  DISCUSSION 

The  high  angle  peak  of  aluminum  (420)  difraction  was  used 
for  the  stress  measurements  to  achieve  high  accuracy.  The  residual 
stresses  determined  using  the  w-dif frar.tometer  system  are  listed  in 


Table  2a  and  those  measured  by  ^-diffractometer  arrangement  are 
listed  in  Table  2b.  The  tables  also  list  the  transverse  and  Longi¬ 
tudinal  strengths  of  composites  and  Lhe  correlation  factors  for  the 
least  squares  straight  line  fit  for  the  lattice  strain  vs  sin^ijt. 


It  may  be  noted  that  the  longitudinal  direction  stress  values 
for  Rayon/201  C3394  and  PAN1 1/201  G3437  are  comparable  to  the  nominal 
240  Mpa  yield  strength  of  the  201  aluminum  matrix.  This  can  be 
explained  by  the  mismatch  of  thermal  expansion  coefficients  between 
two  components.  Table  3  presents  this  difference  in  thermal  pro¬ 
perties.  In  the  graphite  fiber/aluminum  composite  Rayon/201  G3394, 
there  is  a  mismatch  of  approximately  23xlO~®/°C  In  the  thermal  ex¬ 
pansion  coefficients  along  the  longitudinal  direction.®  The  sample 
is  cooled  by  almost  600°C  after  solidification,  giving  rise  to 
significant  amounts  of  residual  stresses  in  the  fiber  direction.  A 
calculation  using  a  planar  model^  and  a  cylinder  model  with  proper 
boundary  conditions^  show  that  stresses  well  above  the  yield 
strength  of  aluminum  exist  at  the  interface  of  the  aluminum  matrix- 
graphite  fiber.  Plastic  flow  could  be  expected  to  occur  because  of 
the  high  values  of  thermally- induced  stresses.  Assuming  no  debondinp, 
a  stress  gradient  is  expected  in  the  A1  matrix,  with  above- the-yield 
strength  stress  at  the  interface.  A  schematic  of  the  expected  stress 
distribution  was  given  in  Fig.  3.  The  dotted  line  represents  the 
measured  average  value  of  stress  in  the  aluminum  matrix.  All  of  the 
matrix  is  expected  to  be  in  a  state  of  tensile  stress  minimized  at 
a  point  between  fibers. 


While  there  is  a  significant  difference  in  thermal  expansion 
coefficients  of  A1  and  graphite  in  the  longitudinal  direction,  this 
difference  is  negligible  In  the  transverse  direction  for  Rayon/201 
G3394  due  to  the  anisotropy  of  the  graphite  fiber.  Hence,  the  ther¬ 
mally  induced  residual  stresses  in  the  transverse  direction  are  not 
expected  to  be  as  high  as  those  In  the  longitudinal  direction. 

These  transverse  residual  stresses  are  mechanical  in  origin,  since 
a  tensile  residual  stress  stated  Is  introduced  in  the  matrix  after 
cooling  the  composite  from  elevated  temperatures .  1-2 

In  composite  PANLI/201  G3437,  the  residual  stresses  are  large 
and  very  close  to  those  measured  In  Rayon/201  G3394  in  the  longitu¬ 
dinal  direction.  This  could  be  expected,  since  the  mismatch  of 
thermal  expansion  coefficients  along  the  fiber  direction  in  PANI1/ 
201  G3437  is  similar  to  that  in  Rayon-201  G3394.  As  for  the  resid¬ 
ual  stresses  in  the  transverse  direction,  PANll/201  G3437  has  the 
stress  level  a  little  higher  than  those  In  Ravon/201  G3J94;  they 
have  values  of  116  Mpa  and  73  Mpa  respectively.  This  situation  is 
due  to  the  moderately  large  thermal  expansion  coefficient  mismatch, 
a  value  of  about  15x]0_6/°C. 


The  lower  levels  of  stresses,  however,  were  observed  in  the 
composites  PANII/6061  G3675  and  G3669  which  are  fabricated  from  a 


Table  2a. 

Residual 

Stresses 

Measured 

from  u)-Dif f ractometer 

Material  Transverse 

Strength 
MPa 

Longi  t  Or¬ 
dinal 
Strength 

Direction  Residual 
of  mea-  Stress 

surement  MPa 

Correlation 

Coefficient 

G3437 

10 

1120 

L 

199.38 

0.9640 

T 

166.28 

0.9658 

G3394 

20 

763 

L 

228.38 

0.9945 

G3675 

75 

259 

L 

40.71 

0.9507 

(lighter 

polishing) 

T 

33.26 

0.9788 

G3437 

10 

1120 

L 

144.11 

0.9856 

(cooled  to 

(before 

liquid  N2 

quench) 

T 

120.20 

0.9924 

temperature 

and  measured 

at  room 

temperature) 

Table  2b. 

Residual 

Stresses 

Measured 

from  ij>-Dif  fractometer 

G3394 

20 

763 

L 

213.75 

0.987 

T 

72.40 

0.875 

G3675 

75 

259 

L 

42.06 

0.971 

(No.  1) 

T 

40.33 

0.988 

G3675 

L 

46.38 

0.986 

(No.  2) 

T 

26.44 

0.970 

G3669 

28 

303 

L 

68.03 

0.956 

T 

39.54 

0.969 

G4371 

10 

892 

L 

58.52 

0.991 

T 

60.44 

0.988 

G4411 

7 

565 

L 

55.48 

0.999 

2/2 
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(Tab  Le  2b  continued) 


Material 

Transverse  Longitu- 
Strength  dinal 

MPa  Strength 

Direction 
of  mea¬ 
surement 

Residual 

Stress 

MPa 

Cor  re lat ion 
Coef fit  lent 

G4411 

L 

55.48 

0.999 

(heavier 

polishing) 

T 

82.68 

0.885 

G3394 

L 

131.94 

0.900 

(quenched  t 

J  VI 

o 

T 

-46.00 

0.983 

temperature  and  measured 
at  room  temperature) 


C=Longitudinal  T=Transverse  Direction 


Table  3. 


Thermal  Expansion  Coefficient  of 
Component  Materials® 


Components  Thermal  Expansion  Coefficient 

_ 10~6/°C _ 

Thornel  30  -0,l-—0.54af  (Axial  direction) 

(Fibers  in  G3394)  to  a5out  300°C 

23  (Transverse  direction) 

Thornel  300 
(Fibers  in  G34  37) 


8 .0*ufT 


-0. 7*a 


fL 


Al-201 

Matrix  of  C3394,  C3437 


23.22 


Cel ion  6000 


Assumed  the  same  as  Thornel  300 


Al-6061  23.58 

Matrix  of  G3675, 

G3669 ,  04371 ,  G4411 


PAN  II  base  Celion  6000  fibers  with  6061  aluminum  matrix.  The  nomi¬ 
nal  physical  properties  of  this  fiber  should  be  very  close  to  those 
in  the  Thornel  300  fibers  of  the  same  PAN  II  base  material.  The 
thermal  expansion  could  be  expected  to  increase  or  decrease  as  the 


fiber  modulus  decreases  or  increases  in  the  longitudinal  axial 
direction  since  both  properties  are  closely  related  to  the  degree 
of  crystal  preferred  orientation.  Presumably,  the  mismatches  between 
fiber  and  matrix  could  be  expected  to  be  similar  to  the  case,  of  PAN 
11/201  03437,  therefore,  Che  similar  stress  levels  should  be  measured. 
However,  the  low  modulus  PAN  II  fibers  are  highly  reactive  with 
molten  aluminum  during  the  infiltration  process  and  aluminum  carbide 
is  easily  formed  in  the  interface  region.  This  high  activity  is 
closely  related  to  the  surface  characteristics  of  the  fiber,  i.e., 
preferred  orientation  in  graphite  crystallites.  Generally  speaking, 
the  highly  graphitized  high  modulus  fibers  are  less  reactive  with 
A1  in  the  infiltration  process  while  the  low  modulus  fibers  are 
badly  degraded. 

In  PANII/6061  G3675  and  G3669,  the  AI4C3  content  is  higher 
than  the  average  amount,  while  the  content  in  PAN1I/201  G3437  is 
much  lower  than  the  average  one.  This  reduction  in  AI4C3  results 
from  the  application  of  the  oriented  pyrolitic  carbon  layer,  which 
limits  fiber-matrix  interaction.  A  comparison  of  the  AI4C3  contents 
in  those  composite  systems  is  given  in  Table  4 . ^  The  formation  of 
a  large  amount  of  carbide  layer  at  the  interface  effectively  pro¬ 
vides  a  "grading  seal"  that  can  relieve  the  residual  stress  pattern 
in  the  interphase  region.  This  is  due  to  a  thermal  expansion  coef¬ 
ficient  of  AI4C3  at  about  10xl0~^/°C  as  estimated  from  the  melting 
temperature  (2750°C)  relationship  with  thermal  expansion. ^  This 
value  is  halfway  between  those  for  aluminum  and  the  graphite  fiber. 
Consequently,  the  residual  stress  levels  are  reduced  to  a  relatively 
low  value.  Actually,  the  model  described  in  Fig.  3  did  not  consider 
a  finite  thickness  interphase.  It  has  been  observed  in  the  TEM  and 
Auger  studies  that  oxides,  carbides,  and/or  borides  are  present  at 
the  fiber-matrix  interface.  Since  the  mismatch  between  the  thermal 
coefficients  of  the  compounds  and  the  aluminum  matrix  is  lover  than 
that  of  fiber  and  aluminum  in  the  longitudinal  direction,  the  maximum 
longitudinal  residual  stress  at  the  interfaces  can  be  expected  to  be 
lower  than  when  a  simple  graphite-aluminum  interface  exists. 


Table  4.  Al.C'  Contents  in  Composites 
4  3 


Compos i tes 


G3437  PANJI/201  (Pyrolitic  carbon  coated) 
G3675  PANII/6061 


Al.C.  Content 
4  3 

ppm 


690 

3644 


G3669  PANII/6061 


9387 


Relatively  low  stresses  also  were  measured  in  the  VSB-32  Pitch/ 
6061  aluminum  composites,  0437 L  and  04411.  There  was  little  in  the 
residual  stresses  between  those  before  heavier  electrolytic 
polishing  and  after.  The  heavier  polishing  removed  100-120  pm 
thickness  from  the  normally  polished  surface.  Because  of  the  high 
modulus  and  thus  the  highly  preferred  orientation  of  basal  plane 
along  the  fiber  axis,  a  low  axial  thermal  expansion  coefficient 
close  to  the  value  in  T  50  fiber  is  expected.  Correspondingly, 
a  large  expansion  mismatch  should  exist  in  the  longitudinal  direction 
of  the  fiber.  Assuming  the  good  bond  was  formed  at  interfaces,  the 
lower  residual  stresses  observed  could  be  attributed  to  the  relaxa¬ 
tion  effect  of  the  thin  composite  plate  used,  since  only  two  or 
three  plies  of  precursor  wires  were  consolidated  to  make  these 
plates.  This  can  be  compared  to  the  four  to  six  layers  with  alumi¬ 
num  wrapping  for  the  other  plates.  The  thicknesses  are  about  0.15 
cm  and  approximately  1 / 3 " 1 / 2  of  those  in  the  other  materials.  Then, 
the  stresses  may  not  be  fully  constrained  in  the  composite  plates. 
This  low  residual  stress  value  has  not  been  totally  rationalized. 

When  the  high  residual  stress  samples  Rayon/201  G3394  and 
PAN1I/201  G3437  composites  were  quenched  in  liquid  nitrogen  and 
annealed  at  room  temperature,  approximately  30%  reduction  in  resid¬ 
ual  stress  was  observed.  The  cryogenic  cooling  induces  additional 
plastic  flow  in  the  matrix,  establishing  a  new  elastic  condition 
at  the  cryogenic  temperature.  Heating  the  composite  back  to  room 
temperature  will  then  relieve  much  of  the  residual  stresses.  How¬ 
ever,  the  30%  is  less  of  a  reduction  than  is  expected.  Additional 
work  hardening  at  the  interface  occurring  during  cooling  may  explain 
this  difference  between  the  measured  and  calculated  changes.  In 
the  materials  used  here  the  room  temperature  transverse  strength 
of  composites  did  not  change  significantly  before  and  after  being 
quenched  in  liquid  nitrogen. 

A  sample  of  Rayon/201  (G3394)  composite  was  used  as  a  stan¬ 
dard  and  the  measurements  were  made  in  both  o'  and  iJj  diffractometers. 
The  very  good  agreement  found  assured  that  the  measurements  from 
both  types  of  diffractometers  are  consistent  and  comparable. 


SUMMARY 

X-ray  diffraction  can  be  very  effectively  applied  to  deter¬ 
mine  average  residual  stresses  due  to  the  mismatch  in  thermal 
expansion  coefficients  in  the  graphite-aluminum  composite  system. 
The  indications  are  that  the  residual  stresses  averaged  through 
the  distribution  in  aluminum  matrix  are  not  directly  related  to 
the  transverse  strengths.  The  basic  properties  related  to  the 
interface  strength  are  associated  with  the  multiple  interfaces 
between  the  various  phases  such  as  oxide,  carbide,  boride  layers 


and  the  complexity  of  the  metallurgical  interactions.  However, 
the  x-ray  residual  stress  measurement  described  in  this  paper 
helps  in  the  understanding  of  how  the  components  and  their  pro¬ 
perties  influence  the  Interfacial  behavior. 
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Appendix  H 


Auger  Electron  Spectroscopy  Depth  Profile  of 
Thin  Oxide  on  a  Ti-Mo  Alloy 
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Recently  we  investigated^  the  growth 
and  properties  of  thin  oxide  films  which  were 
grown  on  a  titaniun  electrode.  It  is  the  aim 
of  this  communication  to  describe  some  prop¬ 
erties  of  an  anodic  oxide  which  were  grown  on 
a  Ti-Mo  alloy. 

For  the  formation  of  a  controlled  oxide 
thickness  on  a  bare  substrate  to  be  used  as  an 
AES  sample,  the  previously  described^  method 
was  employed  which  consists  of  polishing  the 
electrode  surface  C3u  diamond  dust  embedded  in 
a  polishing  cloth)  while  holding  it  at  a  catho¬ 
dic  bias  (-0.95V  vs  SCE)  and  then  applying  to 
it  a  positive  linear  potential  scan. 

The  alloy  studied  was  the  8-III,  a  Ti  based 

metastable  alloy  (Ti,  11.5  Mo,  4.5  Sn,  6  Zr) 

the  stress-corrosion  behaviour  of  which  was 

(2) 

studied  by  Hickman  et  al'-  and  which  was  used 
as  received  without  any  heat  treatment. 

The  curxent/potential  curve  during  the 
anodic  potential  scan  of  the  alloy  electrode  in 
slightly  acidic  solution  is  shown  in  fig.  1, 
where  it  is  compared  to  the  voltammogram  of 
pure  Ti  and  pure  Mo  under  the  same  conditions. 

As  in  the  case  of  pure  Ti,  the  voltammo- 
graa  is  distinguished  by  an  extended  potential 
interval  (^  2V)  in  which  the  anodic  current 
which  is  attributed  to  oxide  formation  remains 
constant.  Such  a  mode  of  oxide  growth  results 
in  the  formation  of  a  homogeneous  film  the 

Key  (fords:  Alloy,  Electrode,  AES,  sputtering 


thickness  of  which  varies  linearly  with  the  ap¬ 
plied  potential  at  full  current  efficiency. ^ 
However,  the  "dissolution  peak"  which  is  ob¬ 
served  at  pure  Ti  (^  -0.65V)  is  missing.  This 
is  in  agreement  with  the  finding  of  Tomashov 
et  al^  who  find  a  suppression  in  the  dissolu¬ 
tion  rate  of  Ti  at  the  prepassive  state  when 
alloyed  with  Mo  in  the  B  phase  and  will  be  dis¬ 
cussed  later. 


-08  -04  0  04  0.8  12  16 


Potential ,  V  vs  SCE 

Fig.  1.  Current  voltage  curve  for  a  -  8  III 

alloy,  b  -  Ti  and  c  -  Mo  in  IN  Na2S04,PH  2.3. 

Little  is  known  about  the  composition  of 

anodic  oxides  of  alloyed  Ti.  Recently  Paleolog 
f4) 

et  alv  assumed  that  the  anodic  oxide  of  a  Ti- 
Ni  alloy  consists  mainly  of  Ti02  with  Ni  dop¬ 
ing  at  the  metal/oxide  interface. 

We  adopt  a  similar  picture  with  regard  to 
the  distribution  of  Mo  within  the  oxide  of  the 
g-III  and  in  order  to  probe  it  the  oxides  were 
subjected  to  Auger  Electron  Spectroscopy  (AES) 
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depth  profiling  immediately  after  their  forma¬ 
tion  with  the  use  of  a  Phi  Model  590A  Scanning 
Auger  system  equipped  with  sputtering,  multi¬ 
plexing  and  in  situ  fracturing  facilities. 

The  difficulties  in  quantitative  AES  ap¬ 
plication  to  very  thin  (<100A)  TiO_  films  and 
to  Mo  oxides  have  been  described  before 1  ’  J . 
However,  our  aim  was  to  locate  the  Mo  distri¬ 
bution  within  the  oxide.  The  appearance  of 

dN 

the  Mo  major  peaks  (186,221  ev  in  the  mode) 
in  the  absence  of  the  27ev  peak  which  is  char¬ 
acteristic  of  metallic  Ti,  proves  the  exis¬ 
tence  of  Mo  within  the  oxide  if  the  escape 
depth  of  the  27  and  221 (186) ev  Auger  electrons 
are  assumed  to  be  about  equal.  The  depth  pro¬ 
file  of  the  oxide  is  shown  in  fig.  2.  The  out¬ 
er  layer  of  the  oxide  (oxide/solution  inter¬ 
face)  consists  exclusively  of  TiC>2  and  the  Mo 
concentration  increases  toward  the  metal  oxide 
interface.  The  increase  in  the  carbon  concent¬ 
ration  increases  toward  the  metal  oxide  inter¬ 
face.  The  increase  in  the  carbon  concentration 
in  this  region  is  attributed  to  the  polishing 
procedure  prior  to  film  formation  (polishing 
with  diamond  dust) .  It  should  be  noted  that  a 
similar  apparent  distribution  of  Mo  can  result 
if:  (a)  There  is  a  preferential  sputtering  of 
Ti  over  Mo^  which  leads  to  the  surface  accu¬ 
mulation  of  Mo  during  the  sputtering,  or  (b) 

Mo  is  gradually  reduced  by  the  ion  beam, ^  or 
continuously  changes  its  oxidation  state  while 
penetrating  the  film  in  such  a  way  that  its 
Auger  peak  shape  is  changed  and  enhanced  even 
without  any  increase  in  its  concentration. 

Possibility  (a)  should  also  be  manifested 
after  the  film  is  completely  sputtered  through; 
however  the  Mo  signal  then  reaches  a  steady 
state.  Also  the  Auger  peak  of  Mo  oxide  grown 
at  IV  did  not  change  during  the  sputtering 
which  eliminates  the  second  possibility.  We 


believe  the  chemical  state  of  Mo  within  the 

+  3  +5 

oxide  to  be  that  of  Mo  ion  (Mo  or  Mo  ) , 
which  because  of  its  size,  does  not  fit  the 
TiO^  phase  and  thus  exhibits  in  it  a  much 
slower  mobility  than  the  Ti  ion.  It  probably 
does  not  reach  the  solution/oxide  interface 
except  in  the  very  early  stages  of  film 
growth . 


Fig.  2.  AES  depth  profile  of  oxide  formed  at 

8  III  alloy  at  2V  vs  SCE,  solution  as  in  fig.l. 

Sputtering  by  3  kev  Kr+  ions. 

The  absence  of  the  Ti  dissolution  peak 

(fig.l)  may  be  relevant  to  the  superior  beha- 

(2  3) 

viour  of  this  alloy  in  corrosive  media v  ’ 
when  the  bare  substrate  might  be  exposed  to 
solution.  Two  explanations,  which  are  support¬ 
ed  by  the  AES  findings,  can  be  provided  for 
this  observation.  Firstly:  In  the  AES  of  pure 
Mo  or  of  its  oxide  the  221  ev  Auger  peak  is 
smaller  than  the  186  ev  peak,  but  the  221  ev 

peak  of  Mo  in  the  alloy  is  bigger  than  the 
dN 

186  ev  one  (in  the  mode,  fig. 3).  This  refl¬ 
ects  some  specific  interaction  between  Ti  and 
Mo  in  alloyed  state,  which  may  possibly  stabi¬ 
lize  the  Ti  atom  in  the  solid  compared  to  its 
state  in  pure  Ti.  Secondly:  At  -0.95V  while 
polishing,  Ti  dissolves  into  solution^,  but 
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this  electrode  potential  is  too  negative  for 
the  Mo  dissolution'-  1  and  it  seems,  therefore, 
feasible  that  the  substrate  surface  prior  to 
film  formation  is  enriched  with  Mo  which  pro¬ 
vides  a  barrier  for  the  Ti  dissolution.  Indeed, 
the  concentration  of  Mo  which  is  found  by  AES 
after  the  oxide  is  removed  by  sputtering  and 
which  represents  its  quantity  at  the  surface 
prior  to  anodization,  is  much  higher  than  its 
concentration  at  the  surface  which  was  obtained 
by  the  in  situ  fracturing  of  the  alloy  (fig. 4) 


too  200 

Electron  Energy. eV 


Fig.  3.  AES  of  Mo  in  its  pure  state  and  in  6 
III  alloy. 
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Fig.  4.  AES  of  8  alloy;  a  -  fractured  in 
UHV,  b-  after  sputtering  through  the  anodic 
oxide. 
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Introduction 

The  mechanism  of  reversible  temper  embrittlement  in  alloy  steels  invol¬ 
ves  the  segregation  of  alloying  elements  to  grain  boundaries.  This  embrittle¬ 
ment  consists  of  an  increase  in  the  ductile-to-brittle  transition  temperature 
and  can  be  reversed  by  annealing  for  several  minutes  at  temperatures  above 
600°C  (1,2).  The  segregation  of  elements  such  as  Ni  with  Sn,  Sb,  P,  and 
other  metalloids  to  prior  austenite  grain  boundaries  was  confirmed  using 
surface  analysis  try  Auger  electron  spectroscopy  (AES)  in  conjunction  with 
inert  ion  sputtering  (with  incident  ions  from  0.5  to  5  KeV  energy),  which 
allows  depth  profiles  of  elemental  concentration  to  be  taken  (3,4,5) . 

Diffusion  of  these  elements  occurs  over  long  periods  of  time  in  the  embritv- 
ling  range  (-  350  -  575°C) . 

Depth  profiles  indicate  that  most  embrittling  alloying  elements  are 
concentrated  in  thin  layers  (~  .5  to  1  nm)  at  the  boundaries,  but  that  Ni 
segregation  appears  in  a  somewhat  thicker  layer  (1-3  nm)  (3,5,6).  Possible 
explanations  for  this  effect  are  (1)  actual  difference  in  depth,  (2)  differ¬ 
ence  in  sputtering  rates  resulting  in  selective  sputtering.  Since  artifacts 
due  to  preferential  sputtering  are  often  encountered  when  depth  profiles 
are  made,  it  is  necessary  to  check  the  profiles  against  a  standard  prepara¬ 
tion.  Results  from  this  type  of  measurement  are  presented  here. 


Experimental  Procedure 


Step-cooled  brittle  alloys  of  a  Ni-Cr-Sn  steel  (3.5  wt.%  Ni,  1.7%  Cr, 
.3%  C,  .06%  Sn)  were  fractured  in  a  scanning  Auger  microscope  (PHI  SAM  590 
system)  at  a  vacuum  of  1.3  x  10~8  Pa.  To  reduce  the  likelihood  of  shadowing 
during  sputtering  of  the  rough  surface,  two  ion  guns  (with  an  angle  of  60° 
between  them)  were  used.  At  approximately  500x  magnification,  grains  were 
selected  for  analysis  on  a  basis  of  facet  orientation.  A  facet  suitable  for 
the  analysis  had  to  serve  as  a  broad  target  for  electron  and  ion  beams  as 
well.  The  electron  beam  position  was  kept  stationary  for  the  duration  of 
each  sputtering  profile  to  maintain  the  spatial  resolution  below  5000  nm. 
Sputtering  was  performed  with  both  ion  guns  at  4  KeV  and  2  pA/cm2  ion 
current  with  the  chamber  backfilled  with  argon  to  4  x  10”3  Pa.  All  sputter 
profiles  were  continued  until  a  steady  state  concentration  representative  of 
the  sputtered  bulk  concentration  was  reached. 


The  fractured  specimen  was  then  moved  from  in  front  of  the  Auger  analy¬ 
zer  to  a  position  under  a  Ni  filament.  The  filament  was  resistively  heated 
in  order  to  deposit  a  quantity  of  Ni  so  as  to  duplicate  the  concentration 
characteristic  of  the  as-fractured  surface,  as  evidenced  by  the  Ni-Fe  peak 
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height  ratio.  The  specimen  was  repositioned  and  a  new  sputter  profile  was 
taken  at  the  same  point  as  on  the  original  profile.  This  was  repeated  for 
different  deposition  times. 

As  an  additional  test,  co-deposition  of  Ni  and  Sn  was  undertaken.  Co¬ 
deposition  was  performed  through  the  use  of  an  auxiliary  Ni  filament  which 
had  been  wetted  with  Sn  beforehand. 

The  conversion  from  sputter  time  to  depth  of  material  removed  is  based 
on  sputter  rates  of  Ta20c;  using  the  same  experimental  parameters  for  the 
sputter  guns  as  in  the  Ni-Sn  profiles.  An  exponential  fit  was  used  for 
obtaining  a  layer  thickness  from  the  sputtering  data  consistent  with  Ta2(>5 
sputter  rates.  A  true  exponential  decay  would  occur  only  if  the  rate  of 
concentration  change  were  directly  proportional  to  the  amount  on  the  surface 
in  the  form  of  a  partial  monolayer. 

Results  and  Discussion 

The  profiles  obtained  showed  roughly  an  exponential  decay  in  the  concen¬ 
tration  of  Ni  and  Sn.  From  the  semilogarithmic  plot  of  the  elemental  concen¬ 
trations  of  Sn  and  Ni  versus  depth  sputtered  (Fig.  1),  it  is  apparent  that 
the  rate  controlling  process  for  sputtering  is  different  from  that  of  Ni. 

One  may  define  a  time  constant  t  as  the  sputtering  time  required  for  the 
surface  concentration  of  the  segregated  element  to  reach  1/e  of  the  differ¬ 
ence  between  the  original  surface  concentration  and  the  bulk  concentration 
which  is  assumed  to  be  the  steady  state  surface  concentration  ultimately 
achieved  during  sputtering,  t  is  the  negative  reciprocal  of  the  slope  of 
the  semilog  plot  line.  For  Ni,  x  can  be  seen  (Fig.  1)  to  be  approximately 
twice  that  of  Sn.  All  sputtering  was  continued  until  the  bulk  concentrations 
were  seen. 

For  the  series  of  Ni  deposition  experiments  the  sputter  profile  data  had 
approximately  the  same  time  constant  as  the  segregated  Ni  profile  (Fig.  1) . 
The  sputter  profile  obtained  from  the  Ni  and  Sn  co-deposition  test  also  indi¬ 
cates  that  the  x  observed  for  Ni  is  approximately  twice  that  of  Sn.  The 
conclusion  from  these  experiments  that  Ni  is  less  readily  sputtered  than  Sn 
depends  on  the  assumption  that  the  coverage  by  deposition  of  Ni  and  Sn  is 
primarily  a  surface  phenomenon  with  interactions  limited  to  the  uppermost 
atomic  layers  alone.  Implantation  is  deemed  highly  improbable  since  atoms 
leave  a  hot  filament  with  relatively  low  (<  1/2  eV)  energy. 

The  most  likely  morphology  for  Ni  deposition  on  a  facet  of  the  grain 
would  be  a  partial  monolayer  since  the  Ni-Fe  signal  ratio  was  found  to  be 
approximately  a  linear  function  of  deposition  time  for  the  small  quantities 
of  Ni  deposited.  This  would  not  be  true  for  multilayered  island  growth. 

The  fact  that  both  the  starting  concentrations  and  the  apparent  depth  pro¬ 
files  are  the  same  implies  that  the  Ni  segregation  results  in  approximately 
the  same  morphology.  (If  the  coverage  is  kept  to  less  than  a  monolayer,  the 
finite  escape  depth  of  the  Auger  electrons  and  the  backscattering  factor  do 
not  influence  the  sputtering  results.) 

Various  models  have  been  proposed  to  explain  the  apparent  long-range 
segregation  of  Ni  in  comparison  to  other  segregating  elements  in  low  alloy 
steels  (5,7,8).  One  involving  precipitates  of  Ni-rich  regions  at  carbide- 
ferrite  boundaries  or  other  locations  would  explain  the  depth  of  Ni  but 
this  account  appears  to  be  inconsistent  with  the  present  duplication  of  the 
rate  of  sputtering  following  deposition.  Specimens  quenched  during  various 
stages  of  embrittlement  show  Ni  concentrations  reaching  a  maximum  away  from 
the  fracture  surface,  which  is  not  the  case  after  complete  embrittlement  (8) . 
No  attempt  was  made  to  duplicate  partial  embrittlement  profiles  in  this 
study. 

That  large  Sn  atoms  are  more  weakly  bound  to  the  matrix  of  smaller  Fe 
atoms  than  are  the  Ni  atoms,  which  are  extremely  close  in  size  and  structure 
to  the  Fe  atoms,  can  explain  the  sputtering  difference.  The  fact  that  Cr 
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(again  similar  to  Fe  and  Ni)  has  been  reported  possibly  to  have  a  "longer" 
segregation  range  (8)  may  also  be  an  artifact  due  to  stronger  bonding  and 
corresponding  lower  sputtering  rate. 

Summary 

The  present  research  indicates  that  the  morphology  of  the  Ni  segregated 
to  grain  boundaries  in  the  low  alloy  steel  exists  over  a  thickness  of  approx 
imately  a  monolayer  in  depth  at  the  surface.  The  Ni  segregation  kinetics 
indicate  a  partial  monolayer  grain  boundary  morphology.  Ni  is  strongly 
bonded  to  the  grain  and  is  therefore  relatively  difficult  to  remove  with 
inert  ion  sputtering.  The  resulting  slower  sputter  rate  of  the  segregated 
Ni  provides  an  explanation  for  the  seemingly  deeper  concentration  enrichment 
and  degree  of  Ni  segregation  suggested  by  experiments  involving  AES  in  con¬ 
junction  with  IIS  for  low  alloy  steels. 
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FIG.  1 

Ni,  Sn  sputter  profile 

(lines  through  data  points  are  least  squares  fit) 
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Abstract 


Usin<:,  Auger  electron  spectroscopy,  segregation  of  Ca  and  Si 
corresponding  to  the  adsorption  of  a  partial  monolayer  adjacent  to  the 
boundary  in  polycrystalline  MgO  has  been  observed.  Segregation  of  Sc 
is  different  in  nature;  the  distribution  consists  of  a  3.0  run-wide  region 
corresponding  to  a  positive,  space  charge  layer  balancing  a  negative 
boundary  charge.  Various  segregation  models  have  bean  applied  to  the 


observed  behavior. 
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I.  In trod uc t i cn 

decent  investigations  have  indicated  that  segregation  of  solutes 

onto  grain  boundaries  ii.  oxides  is  more  the  rule  than  the  exception. 

Changes  in  composition  at  and  near  boundaries  and  surfaces  have  been 

1  9 

reviewed  by  Kingery.  Segregation  at  surfaces  in  single-crystal  MgO 

of  Fe,  Cr  and  Sc,  which  were  Dresent  in  concentrations  within  the  single- 

3 

phase  region,  has  been  reported  .  In  a  recen’:  investigation  using  the 

dedicated  scanning  transmission  electron  microscope  (STEM) ,  Mizutani 

et  al.  found  increased  concentrations  of  Sc,  Ca  and  Si  within  200A 

of  the  boundary  in  MgO.  Similar  increases  in  Ca  and  Si  concentration 

at  the  boundary  had  been  observed  by  Kingery  i;t  3l.~* 

In  the  present  work  we  have  used  Auger  electron  spectroscopy  (AES)* 

concurrently  with  inert  ion  sputtering  to  determine  more  precisely  the 

concentration  profile  of  segregants  at  the  boundary  in  MgO  containing 

3000  cation  ppm  Sc  and  minor  quantities  of  the  impurities  Ca  and  Si.  The 

experimental  observations  are  compared  with  the  segregation  expected  from  space 

3+ 

charge  theory  fer  the  trivalent  Sc  in  MgO. 

I I .  Experimental  Procedure 

A  polycryst  all  ine  MgO  specimen  doped  wit  i  Sc:  was  prepared  and 
fractured  in  high  vacuum  for  AES  analysis.  I  litlnl  AES  spectra  were 
taken  on  a  graii.  boundary  and  then  the  site  vns  sputter-profiled  to 
observe  chances  in  concentration  adjacent  to  .he  boundary.  This  specimen 


:V 

The  AES  an- 'lysis  was  carried  out  in  the  Mechanical  Engineering  haborat  cry 
of  the  University  of  Texas  at  Austin. 
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was  prop.. red  from  p /tvcr  produced  by  hydroxide  coprecipitation 
usinr,  solutions  of  fb.lNO  ),,  and  Sc(N0.)  and  a  continuous  flow  process 
which  ensured  uniform  particle  size  and  solute  distribution.  The  Sc 
content  was  determined  to  be  3000  ±  300  cation  ppm  by  atomic  absorption 
analysis.  The  Ca  and  Si  impurity  levels  were  not  analyzed;  they  are 
typically  100-200  ppn  in  such  coprecipitated  powders.  The  powder  was 
isostatically  pressed  into  a  small  rod  (a.2  mm  diameter)  and  subsequently 
sintered  in  air  at  1600°C  for  6  hours  followed  by 
quenching,  in  order  to  attain  a  uniform  solid  solution.  This 
specimen  was  then  subjected  to  a  second  heat  treatment  at  1200°C  for 
165  hours  to  allow  equilibrium  segregation  of  solutes  to  the  boundaries, 
following  which  it  was  rapidly  cooled  in  air  at  a  ra^e  of  -~10°C  per  second 
A  Sc-dcped  single  crystal  calibration  standard  was  prepared  to  evalua 
the  sputtering  characteristics  of  Sc  in  the  MgO  matrix  and  to  obtain  the 
Auger  sensitivities  of  these  elements  for  quantitative  interpretation  of 
boundary  segregation.  The  specimen  was  prepared  by  imbedding  a  crystal 
(10  x  10  x  0.55  mm)  of  high-purity  MgO*  in  a  powder  mixture  made  from 
1  part  pure  MgO  and  9  parts  99.9  (R.E.0.)  Isostatic  pressing 

at  138  HTa  ensured  good  contact  between  powder  and  crystal;  -aivd  this 
assembly  was  then  heat  treated  at  1760°C  in  air  for  3  hours  to  diffuse 
in  the  desired  quantity  of  Sc.  The  powder  shell  was  removed  and  the 
crystal  was  homogenized  at  1760°C  in  air  for  215  hours.  -3g  ETfie*  To 
confirm  homogeneity  of  Sc  in  the  standard,  the  crystal  was  subsequently 

Laboratory,  Oak  Ridge,  Tennessee. 
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heat  treated  at  9Q0°C  for  165  hours  to  exsolve  Sc^O.^  second-phase  precipi¬ 
tates  which  could  be  observed  as  a  cloudiness  in  the  crystal.  The 
uniformity  of  precipitates  was  scrutinized  with  a  scanning  electron 
microscope  by  cleaving  the  crystal  in  a  direction  perpendicular  to  the 
faces  and  etching  the  cross-sections  in  98%  H„SO.  at  50°C  for  2  minutes^. 

A  segment  (4  x  1.5  x  1  mm)  of  the  crystal,  thus  carefully  selected  to 
have  a  uniform  dispersion  of  precipitates,  was  reheated  at  1670°C 

in  air  for  13  hours  In  order  to  re-dissolve  the  Sc^O^  and  used  as  the 
calibration  standard.  Accurate  lattice  parameter  measurements  were 
performed  on  the  standard  after  it  had  been  analyzed  by  AES,  using  a 
Debye-Scherrer  technique^,  and  the  concentration  of  Sc  was  thereby 
determined  to  be  17,800  ±  1900  cation  ppm  Sc. 

AES  analysis  was  performed  with  standard  equipment.*  The  specimen 
and  the  calibration  standard  were  ultrasonica Lly  cleaned  in  methanol  and 
baked  in-situ  in  the  evacuated  AES  chamber  at  'v250°C  for  6  hours  prior  to 
analysis.  Both  were  fractured  in  high  vacuum  (less  than  1.5x10  ^  mPa) 
immediately  prior  to  analysis  in  order  to  pro/ide  a  clean  surface,  free 
from  externally  adsorbed  impurities.  The  frazture  face  of  the  poly- 
crvstalline  specimen  is  shown  in  Figure  1.  Tie  mode  of  fracture  was 
approximately  50/,  transgranular  and  50%  intergranular.  The  grain  size 
was  in  the  range  of  35  to  50  am,  and  for  AES  analysis  the  flat,  well 
exposed  grain  boundary  that  is  indicated  in  Figure  1  was  chosen.  The 
AES  electron  be,.n  was  focused  to  a  diameter  of  about  5  urn  and  centered 
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upon  this  site.  The  fracture  face  of  the  calibration  crystal  is  not  shewn, 

but  it  was  a  planar  100;  face.  A  standard  pre-alignment  method  was  used 

to  place  uiie  AES  beam  coincident  with  the  conLcr  of  the  much  larger  area 

("l  rm)  sputtered  by  the  ion  beam. 

Data  war.  taken  both  in  t lie  form  of  derivative  spectra  (dS(E)/dK) 

and  as  sputter-ctch  profiles  showing  the  change  in  derivative  peak 

heights,  with  sputtering  time,  of  pre-selected  peaks  in  the  derivative 

spectrum.  Atomic  concentrations  were  evaluated  from  the  derivative 

spectra  through  a  simple  analysis  of  relative  peak  heights^.  For  this 

analysis  the  relative  sensitivities  to  AES  of  the  elements  Mg,  0  and  Sc 

were  obtained  from  spectra  taken  on  the  calibration  standard  in  which 

the  atonic  concentrations  were  known.  The  relative  sensitivities  of 

7 

Ca  and  Si  were  faker,  from  published  data  . 

In  order  to  determine  the  sputtering  rate  of  MgO  for  interpreting 
the  depth  of  segregation,  a  polished  single  crystal  of  MgO  equipped 
with  a  "knife  edge"  mask  also  of  single-crystal  MgO  was  sputtered  for 
30.0  hours  under  the  same  experimental  conditions  ns  the  specimens. 

The  ion  beam  incidence  angle  was  the  same  for  all  sputtered  surfaces,  and 
in  our  results  the  rate  is  assumed  to  be  independent  of  surface  orientation . 
To  obtain  the  rate,  the  step  height  between  sputtered  and  masked  portions 
was  measured  interf eronetric.ally . 

III.  Re F u ]  t  s  an i  D iscussion 

Prior  to  sputtering,  the  spectra  shown  in  Figure  2  were  obtained. 

It  is  seen  that  the  era  in  boundary  contains  So,  Si,  Ca  and  a  small 
am.unt  of  C  (adsorbed  from  the  test  atmosphere!  in  addition  to  the  host 


no 


elements.  The  as-fractured  calibration  standard  shows  a  small  Sc  signal 
in  addition  to  the  matrix  Mi;  and  0. 

The  sputter  profile  of  the  calibration  standard  is  shown  in 
Figure  3  as  the  variation  in  Sc/Mg  peak  height  ratio  with  depth  of  |F 

penetration.  It  can  be  seen  that  the  sputtering  process  induces  little 
change  in  the  relative  AF.S  signals.  This  indicates  that  at  low 
concentrations  of  Sc  in  MgO  neither  preferential  enrichment  nor  removal 
of  Sc  occurs  to  a  substantial  degree  upon  sputtering.  Consequently,  Sc 
concentration  changes  observed  in  the  following  sputter-profile  may  be 
considered  real  and  not  artifacts  of  the  sputtering  process. 

The  sputter-profile  of  the  grain  boundary  site  is  shown  in  Figure  4,  |T 
where  the  change  in  the  peak  height  ratios  Si/Mg,  Ca/Mg  and  Sc/Mg  are 
monitored  with  depth  of  penetration.  The  Si  and  Ca  signals  decrease  to 
background  levels  in  less  than  1.0  nm.  These  profiles  are  as  expected  for 
partial  monolayer  adsorption  at  the  boundary  tnd  correspond  closely 

g 

to  what  has  been  observed  in  metals  .  The  Sc  segregation  profile,  however, 
in  which  the  width  of  segregation  extends  out  to  about  2.5  nm,  clearly 
indicates  a  different  type  of  behavior. 

1  2  S 

Boundary  seiregation  of  solutes  can  result  from  strain  effects  ’  *  . 

When  the  solute  atom  differs  in  size  from  the  solvent  atom  for  which  it 


substitutes,  accommodation  of  the  solute  atom  at  boundaries  or  other 
lattice  imperfections  will  result  in  a  lowering  of  the  expended  strain 
energy  as  comparad  to  accommodation  in  the  bulk. 

When  considering  aliovalent  solutes  in  ionic  solids,  however,  the 


and  I. (hover 
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showed  that  due  to  a  difference  in  the  formation  energies  of  cation  and 
anion  vacancies,  the  boundaries  of  an  ionic  solid  will  carry  an  electric 
charge  caused  by  the  presence  of  excess  ions  of  one  sign.  A  compensating 
space  charge  of  the  opposite  sign  adjacent  to  the  boundary  would  then  be 
created.  In  simple  ionic  solids  the  energy  needed  to  ereate  a  cation 

! 

vacancy  is  generally  assumed  to  be  less  than  that  for  an  anion  vacancy, 

and  thus  for  a  completely  pure  material  the  expected  boundary  charge  is 

positive  and  the  space  charge  is  negative.  However,  the  presence  of 

aliovalent  solutes  requires  the  formation  of  additional  cation  vacancies 

to  maintain  charge  neutrality  in  the  bulk,  and  when  the  number  of  added 

vacancies,  is  sufficiently  large  compared  to  the  thermallj’  generated 

vacancies  the  respective  signs  of  the  boundary  and  space  charge  will 

change^’ in  MgO  the  energy  for  intrinsic  vacancy  formation  is 

—18  12  13 

sufficiently  large  (Schottky  energy  about  1.12x10  J  ’  )  that  even  in  so-called 

"pure"  material  the  concentration  of  thermally  generated  vacancies  is 

small  compared  to  those  generated  by  impurities,  and  extrinsic  (i.e., 

solute -controlled)  behavior  is  expected  in  all.  practical  situations. 

Indeed,  the  bourdary  of  MgO  has  been  shown  to  carry  a  negative  charge'*'. 

3+ 

In  the  case  of  Sc  in  the  MgO  lattice,  strain  effects  are  unlikely 

to  be  a  major  ceuse  of  segregation,  as  the  ionic  radius  of  Sc3+  (0.073  nm) 

> 

is  very  close  tc  that  of  Mg  (0.072  ran) .  V!e  thus  attribute  the  increased 
concentration  of  Sc  adjacent  to  the  boundary  ;o  a  positive  space  charge 
balancing  the  negative  boundary  charge,  where  the  segregating  defect 
species  is  unassociated  Sc'  with  an  effective  +.1  charge. 

Integration  of  the  observed  profile  of  S<  (Figure  4)  yields  a  value 
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of  8  x  101  e  cm"  ,  where  e  is  the  electron  charge,  for  the.  boundary 
charge  necessary  to  balance  tin-  increased  S»-  o  >nco.ntration  on  this  side 
of  the  fracture  path.  As  shown  in  Figure  5,  tin-  defect  structure  in  the 
space  charge  region  is  dominated  by  the  positive,  defect  species,  since 
negative  defect  species  are  repelled  by  the  boundary  and  present  in 
concentrations  o\ en  less  than  the  already  low  bulk  values 

Solutions  of  Poisson's  equation  for  the  space  charge  potential 

profile  in  ioni:  solids  have  been  obtained  by  Lehovec^  and  Kliewer  and 
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Koehler  ,  with  equivalent  results  to  those  of  Verwcy  and  Overbeek  for 

electrolyte  solutions.  As  detailed  in  Appendix  A,  we  have  calculated 

space  charge  segregation  profiles  of  Sc  consistent  with  the  experimental 

value  of  the  boundary  charge.  We  have  approximated  the  concentration  of 

unassociated  Sc  in  the  bulk  to  be  one-half  the  total  Sc  concentration,  in 

16 

accord  with  electrical  conductivity  data  for  Sc-doped  single-crystal  MgO 
Results  are  shown  in  Figure  6.  Curve  I  is  the  solution  known  in  colloid 
chemistry  as  th2  Gouy-Chapman  approximation.  A  serious  flaw  of  the 
theory  is  apparent;  near-boundary  concentrations  of  Sc  are  predicted  that 
are  much  higher  than  the  density  of  cation  sites  in  the  crystal.  This 
results  from  the  treatment  of  charge  as  continuous  and  the  assumption 
that  it  is  able  to  approach  the  boundary  witl  out  limit,  instead  of 
considering  the  charge  as  made  up  of  finite-size  ions.  Curve  II  shows  a 
better  approximition  with  the  space  charge  region  considered  as  two 
layers,  a  Stern  layer  and  a  Gouv  layer.  The  Stern  layer  is  an  adsorbed  layer 
of  uniform  charge  concentration,  across  which  the  space  charge  potential  «lerr< 
sufficiently  for  the  Gouy-C'nnpiiian  theory  to  be  more  applicable.  Ln 
6  wc  have  taken  the  Stern  layer  to  be  i  putt  ini  menu  layer  and 


have  solved  the  Gouv  layer  to  balance  the  from  i n  of  the  surface  charge 
not  compensated  by  the  Stern  layer.  In  addition,  we  have  integrated  the 
Gouy  layer  over  successive  atomic  distances  away  from  the  boundary. 

However,  since  in  the  experimental  data  the  approach  of  ions  to 
the  boundary  is  apparently  more  constrained  than  is  predicted  by  either 
continuum  theory,  it  is  perhaps  appropriate  to  consider  a  multiple  layer 
adsorption  approach.  In  this  analysis  the  free  energy  of  adsorption  can 
be  considered  to  vary  with  the  electrostatic  potential.  The  electrostatic 
potential  at  each  adsorbed  layer  beyond  the  first  decreases  as  a  function 


of  the  Sc.”  concentration  in  previous  layers,  since  they  will  partially 

Mg 


compensate  the  boundary  charge,  and  this  situation  may  perhaps  be  likened 
to  potential-dependent  adsorption  of  ions  at  an  electrode  in  an  electrolyte 
solution.  The  result  is  depicted  by  curve  III  in  Figure  6.  As  detailed 


in  Appendix  B,  we  have  assumed  Langmuir-type  adsorption  and  have  applied 
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an  expression  developed  by  McLean  for  adsorption  at  grain  boundaries 
in  metals  in  order  to  determine  the  Sc.  concentration  of  the  adsorbed 
layers. 

The  multiple  layer  adsorption  approach  is  apparently  the  better 
approximation  of  the  observed  segregation  behavior,  though  it  still 
represents  a  greatly  oversimplified  picture,  h’e  do  not  believe,  however, 
that  the  data  warrant  a  more  complex  analysis,  as  more  precise  spatial 
concentration  data  are  necessary  for  comparison  with  theory.  The  optimum 
depth  resolution  of  the  AES  analysis,  limited  primarily  by  the  Auger 


electron  escape  depth,  is  only  about  0.7  nrn  for  the  Sc  peak  monitored 
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Aside  from  inherent  limitations  in  the  theories  discussed,  factors  that 


114 


must  be  considered  include  t  Ik  presence  of  other  impurity  cations,  the 

equilibrium  concentration  oi  defect  species,  a  certain  migration  of 

defects  that  may  take  place  during  cooling,  and  possible  boundary  orienrnt ion 

effects.  However,  despite  these  considerations,  it  seems  that  the  segregatioi 

3+ 

of  Sc  to  the  boundary  in  the  absence  of  a  significant  strain  field  is 
consistent  with  a  space  charge  theory,  and  it  is  clearly  a  different  type  of 
behavior  from  that  of  partial  monolayer  adsorption. 
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Figure  Caption s 


Figure  1.  Fractal-  pi  lycrvstal  line  MrO  specimen  t  onlainiug  3000 

cation  ppm  Sc.  The  grain-boundary  sice  of  AES  analysis  is  indicated  by 
the  arrow  (450X) . 

Figure  2.  AES  spectra,  taken  before  sputtering,  of  (a)  the  grain  boundary 
in  vacuum-fractured  polycrvstalline  MgO  containing  3000  ppm  Sc  and  (b)  the 
vacuum-fractured  single-crystal  MgO  calibration  standard  containing  17,800 
cation  ppm  Sc. 

Figure  3.  The  ratio  Sc/Mg  in  the  sputter-profile  of  vacuum-fractured 
single-crystal  MgO  calibration  standard  containing  17,300  cation  ppm  Sc. 

Figure  4.  The  ratios  Sc/Mg,  Si/Mg  and  Ca/Mg  in  sputter-profile  of 
grain-boundary  site  ir.  vacuum-fractured  polycrystalline  MgO  containing 
3000  cation  ppm  Sc. 

Figure  5.  Schenatic  representation  of  the  concentration  of  (a)  positive 
charged  defect  species  and  (b)  negative  charged  defect  species  in  the 
space  charge  region  adjacent  to  the  boundary. 

Figure  6.  The  experimentally  observed  Sc  seg-ogation  profile,  the  Sc 
segregation  profiles  calculated  from  the  Gouy -Chapman  and  Stern  solutions 
for  the  space  cfarge  potential,  and  the  multiple-layer  adsorption 
approximation,  t s  described  in  the  text. 
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\  Figure  1.  Fracture  face  of  polycrystalline  MgO  specimen  containing  3000 

;  •  cacion  ppm  Sc.  The  grain-boundc ry  site  of  AES  analysis  is 
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Figure  3.  The  ratio  Sc/Mg  in  the  sputter-profile  of  vacuum-fractured 
single-crystal  MgO  calibration  standard  containing  17,800 
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Figure  5.  Scheiiiatic  ropro.scM.at  icn  of  the*  r*M'c'  rtrat  inn  of  (,-<)  por i  i  i  \*. 

charged  (io-o'.-r  spec ies  ;';ul  (b)  ner.it  tee  charm  d  defect  spec  i <"• 
the  space  charge  region  adjacent  the  hmieclarv . 
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124 


Append  iy.  A.  Couj.'-Hi.'i 7>r.'Ui  '■  !  l  orn  Solution:: 

The  electrostatic  potential  6  is  referenced  ns  zero  in  the  bulk  of 
the  material  (i.e.,  at  x  =  «>)  .  As  discussed  in  the  text,  we  assume  that 
the  concentration  of  unassociated  Sc  substituted  for  Mg,  [Sc‘  1,  is  one-hal ■ 
the  total  bulk  Sc  concentration,  and  that  the.  remaining  defect  structure  is 
dominated  by  the  Sc-Mg  vacancy  associate,  [  (Sc^jg-V^)  *  ^  *  an<^  we 
approximate  the  concentration  of  this  species  as  the  remaining  one-half 
of  the  bulk  Sc  concentration.  That  is, 


"f  *  ^Mg1*  ’  " 


nd  !(Scl!g"VMg) ' “  n 


n  =  [Sc  .  .]  /2  =  0.0015  cation  fraction- 

total  « 


Then,  following  Verwey  and  Overbeek  '  ,  we  first  express  the  concentration 
of  the  defect  species  and  the  charge  density  p(x)  as 


n^(x)  =  n^  exp [-e$/kT]  =  n  exp(-Z) 


nj(x)  =  n^  exp  [+e$/k'f]  =  n  exp(+Z) 


p(x)  =  efn^.(x)  -  n^(x)j  =  -2ne  sinh(Z) 


where  e  is  the  elementary  charge,  k  is  Boltzmann's  constant,  T  is  the 
absolute  tempera. ure  and  Z  =•  otf/kT. 

From  Poisson's  equation  in  the  one-dimensional  case 
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d  i  4- 


where  the  dielectric  constant,  r,  is  herein  assumed  to  he  independent,  of 
position  in  the  space  charp,e  region,  we  make  the  change  of  variables 

2  2 

A  =  Sune'/ekT  and  s  =  Ax  , 


and  obtain 


=  sinh  Z 


dZ 

Integrating  once.,  with  the  boundary  conditions  Z  =  0  and  —  -  0 


at  s  =■  *>,  we  have 


=  -2  sinh(Z/2)  . 


Integrating  twice,  with  the  boundary  conditions  d>  =  <t>0  “  ^lx=o  an^ 
Z  =  Z0  =  e<p0/k'..'  at  s  =  0  yields 


-Z  =  eZ°/2  +  1  -  (eZ°/2  -  l)e~S 
eZ°/2  +  1  +  (eZ°/2  -  l)e"S 


Using  the  experimentally  determined  value  of  the  boundary  charge  a 
we  can  then  sol’'c  for  Z0.  Since  the  boundary  charge  balances  the  excess 
charge  density  :.n  the  crystal,  we  may  express  o  (using  Eq .  2)  as 


A  00  *> 

,on  ,  e  d  ‘  6 

j  p  d;<  --  —  - — ,r  dx 

'*  v  dx 


r._  f  (1  if:  ] 


(since 
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<fi0  =  -1.09  V  . 


Using  this  result  and  eqs.  4  and  1,  we  obtain  the  Gouy-Chapman  solution 
shown  in  figure  5. 

The  width  of  the  space  charge  layer  is  a;  proximated  by 


Since  the  defect  structure  in  the  space  charge  region  is  dominated  by  the 
positive  species,  n  is  well  approximated  by  the  concentration  of  unassoc ini ed 
and  it  is  seen  that  the  width  of  the  segregat'd  layer  ua  calculat'd  is 
relatively  insensitive  to  reasonable  variations  in  association  behavior. 
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Appendix  !5.  Multiple  I..ivi  r  Ads. opt  ion 

It  is  assumed  tbit  the  n.i  i  i '  r  driving  force  for  segregation  is 
the  electrostatic  potential;  therefore  the  ore-dominant  change  in  free  energe  01 
segregation  upon  progressing  from  the  first  adsorbed  layer  to  higher 
layers  can  be  expressed  as  a  change  in  the  electrostatic  potential 
energy,  e$ .  Since  the  total  charge  concentration  from  all  adsorbed 
layers  must  balince  the  boundary  charge. 


o  =  +  °2  +  a3  +  . 


the  electrostatic  potential  of  each  layer  can  be  obtained  from  the 
boundary  charge  still  uncompensated  at  that  layer,  through  Eq.  5  of 
Appendix  A. 

The  expression  for  Langmuir-type  adsorption  at  grain  boundaries 
9 

developed  by  Me  dean  for  dilute  solutions  (oi ,  equivalently,  the 

g 

"truncated"  BET  adsorption  isotherm  )  in  which  there  is  assumed  to  be  a 
single  layer,  a  single  adsorbed  species,  no  site-to-site  interactions, 
and  a  fixed  number  of  adsorption  sites  is: 


o 

Xb  ”  Xb 


1  -  x 


Q 

where  x^  is  the  concentration  of  occupied  grein  boundary  sites,  x^  is 

the  saturation  value  of  the  same  (here  assumed  equal  to  1),  is  the 

solute  concentration  in  the  bulk  and  E  is  the  free  enernv  of  adsorption 

a 

at  the  boundary.  In  this  approximation  we  shall  relax  the  sing]  c:-l  a  vc r 
constraint  and  assume  no  si t e-to -s i te  interactions  between  as  well  as 
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within  layer.  A  value  for  the  adsorption  free  energy  of  the  first  layer, 

E^,  can  be  obtained  bv  approximating  the  So"  concentration  of  the  first 
a  '  Mg 

layer,  x^,  from  the  experimental  data.  Then  for  each  higher  adsorbed  lavii  j, 
the  value  can  be  determined  by  decrementing  the  energy  of  the  previous 
layer,  E'*  \  by  an  amount  equivalent  to  the  drop  in  electrostatic 
potential  between  the  two  layers: 

E2  =  E1  -  eA<j>  0 
a  a  1*2 


Ea  =  Ea  -  eA<P2>3 


E1  =  E1"1  -  eA<|>.  .  .  . 
a  a  i-l,i 


The  result  is  shown  as  curve  III  in  Figure  6. 
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Abstract 

Auger  Electron  Spectroscopy  (AES)  is  used  in 
a  wide  range  of  fracture  problems.  This  paper 
describes  fracture  studies  of  iron,  aluminum 
based  alloys  and  metal  matrix/ceramic  compos¬ 
ites.  The  paper  also  describes  how  AES  analy¬ 
sis,  when  combined  with  the  SEM,  Inert  ion  sput¬ 
tering,  SIMS,  ESCA  and  other  surface  and  near 
surface  techniques.  Is  used  in  determining  the 
fracture  behavior  of  materials  previously  sub¬ 
jected  to  various  environments. 


Introduction 

One  of  the  earliest  applications  of  Auger 
Electron  Spectroscopy  (AES)  in  materials  research 
was  the  study  of  the  grain  boundary  fracture  of 
steels  (1-4).  Research  in  fracture  still  follows 
the  basic  experimental  approaches  defined  then 
but  the  techniques  have  been  refined.  The  major 
instrumental  advance  in  AES  has  been  the  improved 
spatial  resolution  associated  with  the  development 
of  the  scanning  Auger  microscope  (4-S) .  The  abil¬ 
ity  to  get  Auger  data  from  areas  less  than  the 
grain  diameter  in  metals  and  ceramics  allowed 
chemical  analysis  associated  with  the  fracture 
process  to  be  studied  in  detail.  The  transition 
from  a  research  laboratory  instrument  to  one  used 
routinely  in  most  laboratories  which  occurred  in 
the  last  decade  to  the  AES  Microscope  has  allowed 
broadened  applications  to  studies  of  fracture  and 
failure  in  a  wide  variety  of  materials. 

It  is  the  purpose  of  this  review  paper  to 
describe  the  recent  AES  research  being  performed 
to  develop  an  understanding  of  the  fracture  behav¬ 
ior  of  structural  materials.  The  paper  will  draw 
heavily  from  the  research  efforts  of  the  authors 
during  the  last  few  years. 

The  results  will  be  presented  in  two  ways. 

The  first  will  describe,  in  general,  the  useful¬ 
ness  of  AES  in  clarifying  fracture  mechanisms. 

The  second  will  indicate  the  experimental  problems 
associated  with  interpreting  the  AES  data.  In 
addition  data  and  results  showing  the  advantage  of 
combining  AES  with  SIMS,  SEM  and  ESCA  will  be  pre¬ 
sented. 


Technic 


KEY  WORDS:  Auger  Electron  Spectroscopy,  ESCA, 
Inert  Ion  Sputtering,  Hydrogen  Transport,  SIMS, 
Fatigue,  Eubrlttlement,  Environmental  Effects, 
Corrosion,  Fracture. 


There  are  two  types  of  fracture  problems 
studied  with  AES.  The  first  type  is  one  in  which 
a  thin  layer,  several  monolayers  in  extent,  con¬ 
trols  the  fracture  process.  This  includes  a  large 
class  of  problems  related  to  grain  boundary  and 
interface  segregation.  In  this  case  if  the  frac¬ 
ture  surface  is  exposed  to  ambient  conditions  for 
as  short  a  period  as  a  few  minutes  (prior  to  being 
put  into  a  hard  vacuum),  the  oxide  formed  and 
other  atmospheric  contamination  will  complicate 
the  gathering  of  meaningful  AES  results  on  the 
interface  chemistry  (1-3).  For  this  reason  the 
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experimental  approach  must  include  fracturing  in 
situ  in  a  hard  vacuum  or  an  inert  gas  environ¬ 
ment.  The  hard  vacuum  is  obtained  by  baking  the 
.system  prior  to  fracture  to  reduce  the  residual 
concentration  of  water  vapor  which  quickly  con¬ 
taminates  fresh  active  metallic  fracture  surfaces 
such  as  for  aluminum  and  iron  alloys.  The  baking 
is  not  as  essential  for  fracture  studies  of  ceram¬ 
ics  and  semiconductor  materials  because  they  have 
relatively  small  sticking  coefficients  for  oxy¬ 
gen  . 

The  sample  in  the  vacuum  chanter  can  then  be 
fractured  under  impact  loading  (2),  torsion 
loading  (3)  or  tensile  loading  (6).  The  sample 
can  be  fractured  over  a  range  of  temperatures  by 
using  either  a  cooling  or  heating  stage.  High 
spatial  resolution  AES  analysis  of  the  surface  is 
then  performed  (for  a  review  of  AES  and  other  sur¬ 
face  analysis  techniques,  see  references  7  and  36). 
To  enhance  crack  formation  on  the  specific  weak 
interface,  fracture  can  be  induced  under  either 
cyclic  or  sustained  loading  in  a  reactive  environ¬ 
ment  such  as  hydrogen  (8-10).  This  technique  may 
allow  the  exposure  of  interfaces  for  AES  analy¬ 
sis  which  would  normally  not  fracture.  Other 
techniques  such  as  introducing  embrittling  ele¬ 
ments  by  electrolytic  charging  followed  by  diffu¬ 
sion  down  the  grain  boundary  have  been  tried  with 
limited  success.  The  objective  is  to  diffuse  suf¬ 
ficient  enbrittling  elements  such  as  S  or  As  down 
the  interface  to  induce  interface  failure.  The 
hypothesis  is  that  the  original  interface  chem¬ 
istry  will  not  be  modified  and  will  be  measured 
during  the  in  situ  fracture  and  AES  analysis. 

The  second  type  of  fracture  problem  is  one 
in  which  the  fracture  is  formed  external  to  the 
system  and  AES  analysis  of  the  fracture  surfaces 
is  then  obtained.  In  this  case  the  important 
information  may  be  hidden  by  an  atmospheric  con¬ 
tamination  layer  composed  of  oxides,  hydroxides, 
and  carbonaceous  material.  An  example  of  the 
approaches  used  in  these  studies  involves  use  of 
AES  and  ESCA  to  evaluate  stress  corrosion 
cracking  (11).  The  oxide  chemistry  associated 
with  the  stress  corrosion  process  gives  clues  to 
the  origin  of  the  fracture.  Similar  studies  in 
progress  are  aimed  at  using  AES  and  ESCA  to  dis¬ 
tinguish  between  oxides  such  as  FejOjand  FejO^  to 
help  determine  the  origin  of  critical  pre¬ 
existing  flaws.  In  both  these  cases  the  oxides 
are  very  thick  compared  to  the  atmospheric  con¬ 
tamination  layers. 

Another  study  Of  the  second  type  involves 
the  fracturing  of  a  sample  in  an  environment 
bearing  an  isotope  of  the  element  of  interest. 

A  conbined  AES  and  SIMS  analysis  to  examine  the 
environmental  influence  on  fatigue  crack  growth 
using  deuterium  and  O'®  isotopes  will  be  described 
later. 

A  vital  aspect  of  the  experiments  is  the  com¬ 
bination  of  inert  ion  sputtering  with  the  AES, 

SIMS  and  ESCA  measurements.  This  allows  the 
determination  of  not  only  the  chemistry  of  the 
fracture  interface  but  also  the  relative  position 
of  this  Interface  to  the  rest  of  the  structure  of 
the  material.  An  example  of  the  applicability  of 
this  approach  is  in  the  interface  fracture  asso¬ 
ciated  with  metal -matrix  composites.  The  frac¬ 
ture  path  is  very  sensitive  to  the  existing 


layered  structure  associated  with  the  composite. 
This  will  be  discussed  in  more  detail  in  the 
following  section. 


Fracture  Studies 

During  the  past  12  years  AES  has  been  used 
in  many  fracture  studies.  We  will  not  attempt 
to  delineate  all  of  the  studies  but  will  focus 
on  the  recent  work  of  the  authors  as  being  repre¬ 
sentative  of  some  significant  AES  fracture 
studies . 

AES  Studies  of  Grain  Boundary  Embrittlement  in 
Steels 

Since  early  this  century  it  has  been 
observed  that  low  alloy  steels  can  become  enbrit- 
tled  if  they  are  kept  in  a  well  defined  (350  - 
575“C)  temperature  range  over  extended  periods 
of  time.  This  "reversible  temper  embrittlement" 
consists  of  an  increase  in  the  ductile-to- 
brittle  transition  temperature  for  the  steel; 
i.e.,  intergranularbrittle  failures  occur  at  tem¬ 
peratures  where  the  steel  is  used  rather  than 
only  at  very  cold  temperatures.  The  effect  can 
be  reversed  by  short  anneals  above  600°C. 

Typical  compositions  for  these  steels  are 
0.4  wt%  C,  3.5%  Ni,  1 .1%  Cr  and  <  0.06%  Sn ,  P  or 
Sb  (the  balance  being  Fe).  When  embrittled 
alloys  are  fractured  at  room  temperature,  the 
fracture  path  is  generally  at  prior  austenite 
grain  boundaries.  This  is  also  true  for  binary 
alloys  of  iron  and  some  elements.  Newly  exposed 
grain  boundary  facets  have  been  examined  with 
AES  after  the  specimens  were  fractured  in  a 
vacuum  (2,3,7,12-19).  Concentrations  of  the 
trace  elements  S,  P,  Sn,  Sb,  As,  Te,  Se,  Pb  at 
the  grain  boundaries,  sometimes  orders  of  magni¬ 
tude  higher  than  in  the  bulk,  were  measured  at 
the  boundaries  in  different  alloys.  Signifi¬ 
cantly  higher  gra;  i  boundary  concentrations  of 
Ni ,  Si,  Cr  and  other  alloying  elements  were  also 
found  in  these  alloy  systems.  In  almost  all 
cases  inert  ion  sputtering  showed  the  depth  of 
the  increased  concentrations  to  be  from  -.5  to 
1  nm  for  the  trace  elements  but  apparently  two 
to  three  times  as  great  for  the  alloying  ele¬ 
ments  such  as  Ni .  Based  on  the  AES  and  inert 
ion  sputtering  data  several  theories  have  been 
proposed  to  account  for  how  a  one  or  two  mono- 
layer  region  with  high  trace  element  concentra¬ 
tion  occurs  and  how  one  can  account  for  micro¬ 
scopic  fracture  along  it.  One  problem  with  the 
data  is  how  to  explain  the  observed  differences 
in  depth  of  the  trace  and  alloying  elements. 

Plotting  the  concentration  of  Sn  and  Ni  on 
a  fractured  grain  (analyzing  spot  '5000  nm)  of 
an  embrittled  3.5.  Ni  -  1.77.  Cr  -  0.4  C  -  0.06 
wt.7  Sn  steel  versus  sputter  time,  showed  both 
elements  having  an  approximately  exponential 
decrease.  The  characteristic  depth  was  two  tines 
as  large  for  Ni  as  for  Sn.  To  determine  whether 
the  observed  profile  represented  an  actual  phys¬ 
ical  difference  in  thickness,  Sn  and  Ni  were 
deposited  from  a  Sn  wetted  Ni  filament  inside  the 
Auger  system  in  a  submonolayer  film  on  top  of  a 
grain  previously  sputtered  to  the  bulk  concentra¬ 
tion  (20).  Resputtering  reproduced  the  same  pro¬ 
files  observed  on  the  original  fractured  specimen. 
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AES  as  Applied  to  Fracture  Behavior  of  Materials 


It  thus  appears  that  Ni  is  more  strongly  bonded 
to  the  predominantly  Fe  matrix  than  Sn,  and  Sn 
is  preferentially  sputtered  leading  to  an  appar¬ 
ent  but  artificial  double  thickness  of  the  Ni 
enriched  region  at  the  grain  boundary  when  com¬ 
pared  to  the  Sn  layer  thickness,  as  illustrated 
in  Figure  1.  Preferential  sputtering  can  lead 
to  significant  errors  in  modeling  the  diffusion 
and  fracture  process. 

AES  Studies  of  Metal  Matrix  Composites 

Auger  microscopy  has  become  an  essential 
tool  in  the  study  of  ceramic  fiber/metal-matrix 
composite  materials.  In  a  fiber  composite  the 
maximum  mechanical  properties  can  usually  be 
obtained  by  having  all  the  fibers  aligned  in  a 
single  direction  in  the  matrix  material.  Unfor¬ 
tunately,  in  directions  normal  to  this  unique 
axis  the  material  is  often  weaker  than  the  homo¬ 
geneous  matrix  material.  This  occurs  because 
the  interface  region  between  the  fiber  and  the 
matrix  is  generally  weaker  than  either  one  and 
the  fracture  path  includes  the  interface  (21). 

In  studies  of  Ti-6A1-4V  matrix  with  B4C/B 
or  SiC  fibers,  fiber  composites  in  the  form  of 
consolidated  wires  with  the  fiber  axis  in  the 
plane  of  the  plate  were  fractured  inside  of  the 
AES  vacuum  system.  The  fracture  paths.  Figure 
2,  contain  a  large  amount  of  interface  and  fol¬ 
lowed  the  fiber  sides  of  the  interface  through 
the  carbides  as  determined  from  the  characteris¬ 
tic  carbon  Auger  derivative  peaks.  Careful  peak 
shape  studies  can  help  determine  which  carbide, 
such  as  Ti  or  Si  carbide  in  the  SiC  fiber  com¬ 
posite,  is  prevalent.  Sputtering  profiles 
showed  carbides  and  oxides  near  the  SiC  fibers, 
borides  near  the  B4C/B  fibers,  and  S  and  Cl 
impurities  at  the  interface.  The  brittle  com¬ 
pounds  associated  with  these  elements  and  their 
poor  bonding  to  the  adjoining  phases  created  a 
layer  that  resulted  in  the  lowest  energy  fracture 
path  (22). 

When  samples  of  the  same  Ti- 6A1-4V  material 
were  thermally  cycled  between  550°C  and  40°C  in 
air  for  nine  days  the  fracture  path  was  partially 
through  degraded  interfaces  filled  with  oxides. 

No  significant  amount  of  carbide  was  found  in 
the  fracture  interface.  This  degradation  of  the 
interface  reduced  the  longitudinal  fracture 
strength  (22). 

Similar  studies  with  aluminum  matrix/graph¬ 
ite  fiber  composites  have  indicated  oxides,  car¬ 
bides  and  TiB2  present  at  the  fracture  interface. 
To  identify  from  Auger  data  which  compound  is 
present  in  an  unknown  sample,  the  spectra  from  a 
standard  sample  observed  under  identical  condi¬ 
tions  should  be  compared  to  the  unknown.  Both 
peak-to-peak  heights  and  peak  shape  must  be  cor¬ 
related.  If  the  unknown  was  sputtered,  the  same 
parameters  must  be  used  on  the  standard  to  avoid 
any  preferential  sputtering  modifications.  For 
example,  a  TiB?  powder  standard  resulted  in  a 
direct  correlation  with  the  Auger  data  from  the 
Interface  of  the  aluminum  graphite  composites. 

An  absolute  check  on  compounds  at  the  inter¬ 
face  in  graphite/Al  fiber  composites  was  made  by 
correlating  Auger  results  with  TEM  data.  Inter¬ 
faces  were  isolated  either  by  dissolving  the 
matrix  (in  HC1 ,  HCl-methanol  mixture,  or  KOH)  or 
by  electropolishing  the  matrix  completely  away 


Figure  1.  Schematic  of  normalized  concentration 
of  segregated  Sn  and  Ni  as  detected  by  argon  ion 
sputtering  into  an  enbrittled  low  alloy  steel 
fracture  surface,  (a)  Concentration  vs.  time 
indicating  different  sputter  rates  for  Ni  and  Si., 
(b)  Concentration  vs  distance  indicating  that  Ni 
and  Sn  have  the  same  depth  profile  considering 
relative  sputter  rates. 


Figure  2.  (a)  Fracture  surface  of  T i - 6A 1  - 4V/S i C 

composite  showing  path  through  interface. 


Figure  2.  ( b '  Fracture  surface  of  Ti-6A1-4V/ 

BjjC/B  composite. 
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(in  perchloric  acid,  ethanol  and  gl.r.ia!  acetic 
acid  e’ectrolyte) .  Small  pieces  of  intertace 
remained  attached  to  the  fibers  and  were 
observed  in  the  T Ef-’ .  Diffraction  patterns  con¬ 
firmed  the  presence  of  Ti!^  as  well  as  oxides  of 
aluminum  and  other  minor  component  elements  of 
the  matrix.  AI4C3  and  TiC  were  also  detected 
from  the  diffraction  patterns.  The  difficulty 
of  indexing  polycrystalline  electron  diffraction 
patterns  was  lessened  considerably  by  having  tne 
Auger  data  on  the  thin  interface  material  (23). 

In  order  to  examine  the  basic  structure  of 
the  Al-graphite  interface  and  factors  that  influ¬ 
ence  the  interface  strength,  a  model  system  was 
examined.  Single  crystal  graphite  flakes 
obtained  from  Ticonaeroga  granite  were  used. 

Since  the  basal  plane  of  graphite  is  parallel  to 
the  plane  of  the  flake,  clean  surfaces  could  be 
exposed  by  "peeling  off  layers  of  graphite  from 
the  flake.  In  vacuums  ranging  from  4x10"'  torr 
to  2x10*3  torr  aluminum  was  deposited  on  the 
clean  flake  from  an  A1  coated  hot  filament.  The 
resulting  oxide  layer  at  the  graphite- aluminum 
interface  ranqed  from  -3nm  (determined  by  sput¬ 
ter  profiling)  for  the  high  vacuum  case  to  ~20  nm 
for  the  low  vacuum.  When  segments  o*  the  alumi¬ 
num  were  peeled  away  from  the  flake  and  both 
newly  exposed  surfaces  examined  with  AES,  it  was 
apparent  that  the  fracture  traveled  through  the 
graphite  for  the  thin  oxides  (a  good  interface 
bond)  but  went  partly  through  the  oxides  and 
partly  through  the  graphite  for  the  thicker 
oxides  (presumably  a  weaker  bond).  In  addition 
to  the  AES  peel  studies,  electrical  1/ V  charac¬ 
teristics  were  measured  and  interpreted  using  the 
AES  results.  Figure  3  shows  the  experimental 
arrangement  (23).  The  I/V  curves  show  a  high 
interface  resi  stance  when  fracture  occurs  in  the 
interface  and  tow  resistance  when  it  occurs  in 
the  substrate  as  shown  by  AES. 

AES  of  Fracture  in  Cast  Iron 

The  morpnology  of  the  graphite  particles  in 
cast  iron  plays  a  major  role  in  the  fracture 
behavior  of  the  iron  (24).  Ductile  iron  has 
spheroidized  graphite  particles.  Fracture  takes 
place  along  the  graphite-metal  interface.  AES 
has  been  performed  to  attempt  to  identify  why  the 
interface  was  the  preferred  path.  The  chemistry 
of  the  interface  was  found  to  be  the  controlling 
factor  in  determinina  the  morphology  of  the 
graphite,  but  the  cnueical  composition  appar¬ 
ently  played  no  role  in  u.e  fracture  process. 

The  fracture  strength  was  controlled  by  the 
micros tructure  of  the  matrix  (25-27).  In  this 
case  the  AES  results  did  not  lead  to  an  improve¬ 
ment  in  fracture  properties  but  were  of  value  in 
determining  the  process  by  which  the  fracture 
controlling  graphite  morphology  was  determined. 
Figure  4  is  an  example  of  the  fracture  surface  of 
ductile  iron. 

AES/SIMS  Study  of  Fatigue  Crack  Growth  in  AJuni- 
num  Alloys 

The  influence  of  gaseous  environments  on 
fatigue  crack  growth  in  structural  alloys  has 
been  extensively  studied  over  the  years  (28-30). 
The  AES/SIMS  studies  described  here  were  aimed  at 
looking  at  the  transport  of  the  entiri tt  1  ing  spe¬ 
cies  into  the  metal  in  the  vicinity  of  the  crack 
tip  durfhg  the  fatigue  process.  The  study 
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included  qaseous  ,  D2.  E^D,  O2,  G-. 

,  A r  and  hard  vacuum  as  the  environments  tor 
aluminum  alloys  fatigued  in  an  environmental 
chamber.  To  separate  the  hydrogen  and  oxygen 
contamination,  deuterium  and  oxygen-18  isotopes 
were  used  as  the  active  environments.  The  sam¬ 
ples  were  then  examined  in  the  AES/SIMS  system 
with  the  normalized  results  shown  in  Figure  5. 

The  Qln  as  determined  wi th  SIMS  is  much  deeper 
into  the  surface  than  the  unavoidable  atmospheric 
oxygen  as  measured  with  AES  and  represents  the 
oxide  formed  during  fatigue.  This  oxide  is 
thicker  then  one  formed  after  fatiguing  in 
vacuum.  The  deuterium  is  transported  to  a  much 
greater  depth  (31-32)  than  the  oxide.  The  shape 
of  the  deuterium  profile  can  be  explained  as 
resulting  from  diffusion  after  the  fatigue  crack 
growth  process  is  complete.  This  was  confirmed 
with  examination  of  ion  implanted  deuterium  pro¬ 
files  as  a  function  of  time  (32). 

Electron  and  Ion  Beam  damage  Influence  on  AES 
Analysi  s  on  Fractured  Ca» •bon  Composites 

In  an  attempt  to  determine  the  local  bonding 
in  the  carbon  fiber-metal  matrix  composites  , 
detailed  AES  fracture  surface  analyses  were  per¬ 
formed.  This  section  will  describe  the  problems 
associated  with  detailed  Auger  peak  analysis 
using  graphite  as  an  example. 

Surfaces  which  contain  carbon  in  any  of  a 
variety  of  forms  ( i . e . ,  hydrocarbons,  functional 
oxycarbon  groups  and  highly  graphitic  carbons) 
are  highly  susceptible  to  perturbations  in  physi¬ 
cal  structure  under  electron  beam  exposure. 

These  changes  in  initial  surface  structure  are 
directly  associated  with  changes  in  the  carbon 
Auger  peak  shape,  as  in  the  case  of  single  crys¬ 
tal  graphite  (33).  The  changes  undergone  are 
permanent  and  may  proceed  through  stages  as  the 
surface  atoms  approach  a  more  disordered  state. 
Electron-induced  decomposition  and  selective 
desorption  of  other  elemental  species  are  likely 
to  occur  in  weakly  bound  carbonaceous  compounds, 
rendering  surface  analysis  impractical  via  elec¬ 
tron  beam  techniques. 

In  order  to  minimize  surface  damage  caused 
by  high  energy  electrons  (-2-10  keV),  x-rav 
photoelectron  spectroscopy  (XPS)  is  advantageous 
in  surface  analysis  of  graphite  fibers,  although 
the  spatial  resolution  limitations  of  XPS  make  it 
unsuitable  for  many  other  applications  in  mate¬ 
rials  science  (36).  Likewise,  ion-induced  sur¬ 
face  damage  occurs  upon  inert  ion  sputtering  of 
graphite  fibers,  resulting  in  further  perturba¬ 
tions  in  the  carbon  Auger  peak  shape  (see  Figure 
6).  It  is  noteworthy  that  no  electron-induced 
local  changes  in  secondary  electron  yield  are 
visible  following  argon  sputtering  of  graphite 
fibers,  whereas  such  changes  are  apparent  prior 
to  sputtering. 

Characteristic  loss  spectroscopy  (CIS)  can 
be  used  to  obtain  matrix-sensitive  information 
concerning  a  surface  (37-40).  This  technique  is 
considerably  more  delicate  by  virtue  of  the  fact 
that  it  requires  enly  a  small  fractiqn  of  the 
primary  electron  current  density  and  voltage 
required  with  AES.  The  CLS  process  does  not 
generate  core  holes;  rather,  it  is  intended  to 
prone  energy  loss  mechanisms  experienced  by  back- 
scattered  electrons  which  have  undergone 
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PROBES 


Figure  3.  Geometry  of  Graphite/Al  contacts  for 
I/V  measurements  and  peel  tests. 


Figure  4.  SEM  of  fracture  surface  of  ductile 
iron. 


interactions  with  the  uppermost  surface  layers  of 
the  specimen  matrix. 

CIS  is  accomplished  by  using  an  electron 
energy  analyzer  to  measure  the  energy  distribu¬ 
tion  of  electrons  backscattered  from  a  surface 
subjected  to  a  monoenergetic  primary  beam  of 
electrons.  Typically,  the  primary  electron  beam 
energy  is  set  below  2000  eV  because  most  Auger 
peak  energies  of  interest  lie  below  this  energy. 
Ideally,  with  the  primary  beam  held  at  the  energy 
of  an  Auger  peak,  the  response  function  obtained 
through  CLS  serves  as  a  description  of  the 
changes  in  energy  which  analyzed  electrons  have 
undergone  due  to  kinetic  events  unrelated  to 
bonding.  The  response  function  is  valid  over  an 
energy  range  of  several  hundred  electron  volts, 
so  a  single  Auger  peak  can  theoretical  ly  be  decon- 
voluted  with  the  CLS  spectrum  of  the  sane  range 
of  analyzed  energies. 

Before  discussing  deconvolution  further,  an 
illustration  of  CLS  data  for  graphite  fibers  will 
be  given.  With  an  electron  beam  of  only  a  few 
picoamperes  rastered  over  an  area  of  a  few  hun¬ 
dred  thousand  square  microns,  it  is  possible  to 
delay  the  onset  of  surface  damage  for  several 
minutes.  (For  comparison,  beam  currents  greater 
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Figure  5.  Sputter  profile  of  deuterium  and  0 
as  determined  by  SIMS  and  Oxygen  as  determined  by 
AES. 


AUGER  ELECTRON  ENERGY  (eV) 


Figure  6.  Carbon  Auger  features  of  highly  graph¬ 
itic  VS0-054  fibers,  (a)  as  received;  (b)  after 
sputtering. 


by  more  than  four  orders  of  magnitude  are 
required  to  obtain  Auger  data.)  The  CLS  spectrum 
in  the  initial  state  is  presented  in  Fig.  7(a), 
somewhat  different  from  the  final  state  displayed 
in  Fig.  7(b).  The  difference  is  that  the  latter 
exhibits  a  small  plasmon  peak  adjacent  to  the 
elastic  backscatter  peak,  visible  because  the 
carbonyl  and  lactone  oxygen  surface  groups  (34, 
35)  have  been  decomposed  by  the  electron  beam. 
While  performing  AES  on  graphite  fibers,  the 
electron  beam  desorbs  the  weakly  bound  oxygen 
almost  completely. 

Traditionally,  AES  data  handling  has  been 
facilitated  by  digital  signal  processing  (41,42). 
Routine  application  of  deconvolution  techniques 
(43-47)  would  be  impractical  without  on-line 
access  to  a  high-speed  computer.  Raw  AES  data 
is  initially  taken  in  analog  form.  Accurate  dig¬ 
itization  of  the  signal  is  a  necessity  in  order 
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to  determine  the  existence  of  peak  shifts  and 
preserve  peak  shape.  The  digital  energy  incre¬ 
ments  should  be  discrete  in  terms  of  electron 
volts . 

Superimposed  upon  the  raw  AES  data  is  the 
large  secondary  electron  background.  It  has 
been  determined  (48)  that  adjustment  of  an  ana¬ 
lytical  function  can  simulate  the  background 
adequately  over  an  energy  range  of  a  few  hundred 
electron  volts.  Hence,  the  background  can  be 
synthesized  and  subtracted  from  an  Auger  peak. 
After  subtracting  the  background  from  an  Auger 
peak  in  derivative  form,  integration  is  performed 
in  order  to  prepare  the  measured  data  for  decon¬ 
volution. 

Once  the  corresponding  derivative  CLS  data 
is  digitized  and  integrated,  it  is  desired  to 
deconvolute  matrix  and  instrumental  effects  from 
the  integral  Auger  data  using  the  integral  char¬ 
acteristic  loss  data  as  a  response  function.  The 
iterative  deconvolution  scheme  (49)  is  accurate 
provided  that  the  data  contains  relatively  little 
fine  structure  so  that  the  algorithm  leads  to 
convergence.  Figure  8  compared  the  original 
integral  Auger  data  from  pyrolytic  graphite  with 
a  reconvolution  of  the  final  deconvoluted  result 
to  ensure  that  the  two  match  one  another.  Due 
to  electron- induced  surface  damage  caused  by  the 
primary  electron  beam,  the  carbon  Auger  peak  from 
any  type  of  graphite  will  not  reproducibly  char¬ 
acterize  the  form  of  carbon  as  anything  different 
from  pyrolytic  graphite.  Even  graphite  single 
crystal  basal  plane  surfaces  do  not  regularly 
produce  the  sharp  structural  features  in  peak 
shape  that  have  been  reported  (33). 

Carbides,  however,  do  not  possess  the  graph¬ 
itic  resonant  bond  character,  and  will  tend  to 
retain  their  physical  structure  by  resisting 
electron-induced  surface  damage  somewhat.  Well- 
resolved  carbon  Auger  peaks  for  several  general 
carbide  standards  which  exhibit  noticeable  dif¬ 
ferences  have  been  reported  (33).  Deconvoluted 
spectra  of  graphite  and  aluminum  carbide  are  dif¬ 
ferent  (see  Figure  9).  The  carbide  peak  has  a 
sharper  structure  and  this  might  be  indicative 
of  a  more  orderly  surface  structure. 

The  net  result  is  that  very  little  detailed 
information  about  the  nature  of  the  bonding  at 
the  fracture  surface  is  obtainable  with  AES.  In 
reality  the  fractured  bonds  have  already  under¬ 
gone  a  major  modification  from  the  bonding  in 
the  original  unfractured  solid  during  the  frac¬ 
ture  process.  The  electron  and  ion  beam  damage 
makes  it  even  more  difficult  to  do  any  analysis. 

It  also  should  be  noted  that  weakly  bound 
elements  such  as  Cl,  8r,  I  etc.  can  easily  be 
removed  or  greatly  reduced  in  concentration  by 
the  electron  beam  before  an  AES  analysis  of  the 
fracture  surface  is  performed. 


Summary 


This  review  paper  has  tried  to  show,  with  a 
limited  set  of  examples,  how  AES  combined  witn 
other  surface  sensitive  tools  can  be  used  in 
studies  of  the  fracture  of  materials.  The 


Figure  7.  Integral  characteristic  loss  spectra 
for  hign  modulus  pitch  precursor  type  VSB-32 
graphite  fiber,  (a)  Prior  to  extensive  electron 
beam  damage  to  the  surface,  (b)  After  heavy 
damage  to  tne  surface,  (note:  small  plasr.on 
peak . ) 


ELECTRON  ENERGY  (eV) 


Figure  8.  Original  and  reconvoluted  Auger  data 
from  pyrolytic  graphite. 


200.00  250.00  300.00  eV 

Figure  9.  Deconvoluted  integral  Auger  spectra 
of  graphite  and  aluminum  carbide. 
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applicability  is  widespread  and  routine  in  many 
laboratories.  It  was  also  pointed  out  that  unless 
care  is  taken  the  observed  data  interpretation 
could  have  large  errors.  With  care  AES  is  a  pow¬ 
erful  tool  for  the  study  of  fracture. 
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Discussion  with  Reviewers 


G.8.  Larrabee:  Please  comment  on  the  role  of  ion 
scattering"  ( ISS  )  and  Rutherford  backscattering 
(RBS)  spectroscopy  in  characterizing  fracture  sur¬ 
faces. 

Authors :  To  the  authors'  knowledge,  ISS  and 
Rutherford  backscatteri  ng  have  not  been  used  exten¬ 
sively  in  characterizing  fracture  surfaces.  Tn 
principal,  ISS  .:ouid  give  information  about  the 
fracture  surface  chemistry  and  Rutherford  back- 
scattering  about  the  near  surface  chemistry. 

G.B.  Larrabee:  Does  surface  roughness  cause  ana¬ 
lytical  problems  in  scanning  Auger  spectroscopy 
of  microareas?  How  good  is  the  quantitative  ana¬ 
lytical  data  that  is  generated? 

Authors :  It  is  obvious  that  surface  roughness 
influences  the  Auger  yield  since  the  angle  of 
incidence  of  the  electron  beam  is  spatially  depen¬ 
dent.  This  would  vary  the  contribution  of  the 
elements  near  the  surface  when  compared  to  the 
contribution  of  the  subsurface  elements.  In  gen¬ 
eral  that  data  is  only  semiquantitati ve  in  nature. 

G.B.  Larrabee:  Imaging  of  fractured  surfaces  must 
be  particularly  difficult.  Please  comrer  t  on  the 
best  resolution  and  iraae  quality  that  could  be 
expected  from  a  fractured  '.urface  of  moderate 
roughness  for  JEM  (secondary  electrons  deterged;, 
SAM  (Auger  electrons  detected),  EMP  lx- rays 
detected)  and  SIMS  (secondary  inns  detected  . 
Authors:  The  authors  cannot  g've  a  limiting  reso¬ 
lution  on  the  fracture  surfaces  relative  to  the 
instrument  resolution.  In  the  case  of  5EM  where 
resolution  of  about  5  nm  is  routinely  oo tamed, 
this  should  be  the  resolution  on  a  fracture  Plane 
normal  to  the  electron  optics.  This  will  vary 
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geometrically  for  the  other  fracture  surface 
orientations.  Similar  geometric  effects  can  be 
expected  in  the  SAM  measurements,  with  submicron 
resolution  readily  obtained.  The  EMP  will  have 
the  usual  broadening  associated  with  the  depth 
of  penetration  and  scattering  of  the  primary 
electrons  amplified  by  the  orientation  of  the 
specimen.  The  resolution  again  is  submicron 
in  three  dimensions.  The  SIMS  results  will 
depend  on  the  beam  size  used,  which  in  the  newer 
machines  is  submicron.  There  may  be  an  added 
contribution  by  double  sputtering  by  the  back- 
scattered  ions  and  by  shadowing  due  to  the  angle 
of  incidence.  This  is  also  true  for  EMP  and  for 
SAM  when  the  analyzer  is  not  coaxial  with  the 
incident  electron  beam. 

G.B.  Larrabee:  What  is  the  role  of  in  situ 
heating  combined  with  Auger  spectroscopy  of  a 
fractured  surface  to  monitor  out  diffusion  of 
species  or  the  modification  of  the  surface? 

Authors:  This  approach  has  been  tried  by  several 
investigators.  There  are  potential  differences 
between  free  surface  segregation  and  grain  bound¬ 
ary  segregation  due  to  the  constraints  at  the 
grain  boundary.  For  this  reason  direct  compari¬ 
son  of  free  surface  and  grain  boundary  segrega¬ 
tion  must  be  carefully  evaluated. 


